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Gamma titanium aluminides are intermetallic alloys with great potential for aerospace 
applications in low pressure turbines (LPT) because they can provide increased thrust-to-weight 
ratios and improved efficiency under aggressive environments at temperatures up to 750 °C. 
Due to that, ?-TiAl alloys are projected to replace the heavier Ni-base superalloys currently used 
for LPT blades manufacturing. 
 
The objective of this research work is to study the deformation and fracture mechanisms of a ?-
TiAl alloy, Ti-45Al-2Nb-2Mn(at.%)+0.8(vol.%)TiB2 (Ti4522XD), at service temperatures, and to 
relate them to specific microstructural features. An array of microstructures was first generated 
by processing the investigated alloy by centrifugal casting (CC) and by powder metallurgy (PM) 
techniques. In situ mechanical tests were then carried out in selected samples in a scanning 
electron microscope (SEM) aided by electron backscatter diffraction (EBSD) at 700 °C. In 
particular, constant strain rate (10-3 s-1) and constant stress (creep) (250-450 MPa) tensile tests 
were performed and the microstructural evolution of selected areas was periodically imaged by 
SEM. The main findings of this research are summarized below. 
 
First, in lamellar CC microstructures deformed under creep conditions colony boundary 
cracking was observed to be the main fracture mechanism. It occurred at low and high stresses, 
during the secondary and the tertiary creep stages, respectively. The same phenomenon has 
been observed to predominate along the ? grain boundaries in finer duplex PM microstructures 
under creep conditions. The occurrence of grain/colony boundary cracking reveals the 
activation of grain/colony boundary sliding (G/CBS) during creep deformation of lamellar and 
duplex microstructures, which leads to the nucleation of cracks at triple points. Moreover, in 
lamellar microstructures creep tested at high stresses (σ>400 MPa) and tensile tested at 
constant strain rate, the appearance of interlamellar ledges was observed, revealing that 
interlamellar areas become weaker as the stress increases.  
 
Furthermore, the results obtained suggest that, in lamellar microstructures tested at high 
temperature and constant strain rate, true twin lamella boundaries constitute the weakest 
obstacles to dislocation motion. Thus, the relevant length scale might be influenced by the 
distance between non-true twin boundaries. Crystallographic slip is also observed to contribute 
to deformation under creep conditions. The slip activity during creep deformation was 
evaluated by trace analysis and a methodology to estimate the relative activity of ordinary and 
superdislocations, as well as the corresponding critical resolved shear stresses (CRSS), is 
proposed. This work showed the presence in both lamellar and duplex microstructures of a 
significant dislocation activity that does not comply with the Schmid law with respect to the 
applied stress and which thus seems to be a response to local stresses. Intragranular slip is 
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Gamma titanium aluminides are intermetallic alloys with great potential for 
aerospace applications in low pressure turbines (LPT) because they can provide 
increased thrust-to-weight ratios and improved efficiency under aggressive 
environments at temperatures up to 750 °C. Due to that, -TiAl alloys are projected to 
replace the heavier Ni-base superalloys currently used for LPT blades manufacturing. 
The objective of this research work is to study the deformation and fracture 
mechanisms of a -TiAl alloy, Ti-45Al-2Nb-2Mn(at.%)+0.8(vol.%)TiB2 (Ti4522XD), at 
service temperatures, and to relate them to specific microstructural features.  
An array of microstructures was first generated by processing the investigated 
alloy by centrifugal casting (CC), in the form of LPT blades and rectangular specimens, 
and by powder metallurgy (PM) techniques, including hot isostatic pressing (HIP) and 
field assisted hot pressing (FAHP). Several post-processing heat treatments were carried 
out in both CC and PM samples. A thorough characterization of the microstructures thus 
generated was performed by scanning and transmission electron microscopy. In situ 
mechanical tests were then carried out in selected samples according to specific 
microstructures in a scanning electron microscope (SEM) aided by electron backscatter 
diffraction (EBSD) at 700 °C. In particular, constant strain rate (  =10-3 s-1) and constant 
stress (creep) (=250-450 MPa) tensile tests were performed and the microstructural 
evolution of selected areas was periodically imaged by SEM. The main findings of this 
research are summarized below. 
First, in lamellar centrifugally cast microstructures deformed under creep 
conditions colony boundary cracking was observed to be the main fracture mechanism. 
It occurred at low and high stresses, during the secondary and the tertiary creep stages, 
respectively. The same phenomenon has been observed to predominate along the 
grain boundaries in finer duplex powder metallurgy microstructures under creep 
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conditions. The occurrence of grain/colony boundary cracking reveals the activation of 
grain/colony boundary sliding (G/CBS) during creep deformation of lamellar and duplex 
microstructures, which leads to the nucleation of cracks at triple points. Moreover, in 
lamellar microstructures creep tested at high stresses (σ>400 MPa) and tensile tested at 
constant strain rate, the appearance of interlamellar ledges was observed, revealing that 
interlamellar areas become weaker as the stress increases.  
Furthermore, the results obtained suggest that, in lamellar microstructures tested 
at high temperature and constant strain rate, true twin lamella boundaries constitute 
the weakest obstacles to dislocation motion. Thus, the relevant length scale might be 
influenced by the distance between non-true twin boundaries. Crystallographic slip is 
also observed to contribute to deformation under creep conditions. The slip activity 
during creep deformation was evaluated by trace analysis and a methodology to 
estimate the relative activity of ordinary and superdislocations, as well as the 
corresponding critical resolved shear stresses (CRSS), is proposed. This work showed the 
presence in both lamellar and duplex microstructures of a significant dislocation activity 
that does not comply with the Schmid law with respect to the applied stress and which 
thus seems to be a response to local stresses. Intragranular slip is suggested to be an 

















Los aluminuros de titanio gamma son intermetálicos de gran potencial para 
aplicaciones aeronáuticas en turbinas de baja presión al proporcionar una elevada 
resistencia específica en condiciones de servicio agresivas, con temperaturas próximas a 
los 750 °C. Debido a ello, se espera que las aleaciones -TiAl reemplacen a las 
superaleaciones de base níquel, de mayor peso, que componen actualmente los álabes 
de estas turbinas. 
El objetivo de este trabajo de investigación es estudiar los mecanismos de 
deformación y fractura de una aleación -TiAl, la Ti-45Al-2Nb-2Mn(at.%)+0.8(vol.%)TiB2 
(Ti4522XD), en condiciones equivalentes a las de servicio, y establecer relaciones con 
características microestructurales específicas.  
Se generaron distintas microestructuras mediante colada centrifuga y mediante 
técnicas pulvimetalúrgicas tales como compactación isostática en caliente y 
compactación asistida por campo. Posteriormente se llevaron a cabo tratamientos 
térmicos de las muestras así procesadas. Estas microestructuras se caracterizaron de 
forma exhaustiva mediante microscopia electrónica de barrido y de transmisión. Se 
realizaron ensayos mecánicos in situ en el interior de un microscopio electrónico de 
barrido, provisto de un detector de electrones retrodispersados, en muestras 
seleccionadas según su microestructura. En concreto, se realizaron ensayos a 700 °C a 
velocidad de deformación constante (  =10-3 s-1) y a tensión constante (=250-450 MPa) 
(fluencia), y durante los mismos se tomaron periódicamente imágenes de la evolución 
de la microestructura en áreas seleccionadas de las muestras. Las principales 
aportaciones de esta investigación se resumen a continuación. 
En primer lugar, se ha observado que en microestructuras laminares procesadas 
mediante colada centrifuga y ensayadas a fluencia el mecanismo principal de fractura es 
la nucleación de grietas en las fronteras de las colonias. Este fenómeno se observó en 
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los ensayos de fluencia llevados a cabo tanto a bajas como a altas cargas, durante los 
regímenes secundario y terciario, respectivamente. En microestructuras dúplex 
obtenidas mediante ruta pulvimetalúrgica y ensayadas a fluencia se observó una 
intensificación de la nucleación de grietas a lo largo de las fronteras de los granos . Esto 
es consistente con la activación del mecanismo de deslizamiento de fronteras de 
grano/colonia que da lugar a la concentración de tensiones en los puntos triples. 
Además, las microestructuras laminares ensayadas a fluencia con cargas más elevadas 
(σ>400 MPa) y las deformadas a velocidad de deformación constante mostraron relieves 
interlaminares. Esto sugiere que las regiones entre láminas se debilitan al aumentar la 
tensión.  
Finalmente, los resultados obtenidos sugieren que, en microestructuras laminares 
ensayadas a alta temperatura y velocidad de deformación constante, las intercaras / 
de tipo true twin constituyen obstáculos débiles para el avance de las dislocaciones. Por 
ello, la longitud crítica más relevante de estos materiales debe estar influenciada por la 
distancia entre fronteras distintas a las true twin. También se ha observado la 
contribución del deslizamiento cristalográfico a la deformación en condiciones de 
fluencia. Se ha estudiado por ello el deslizamiento de dislocaciones mediante un análisis 
de trazas y se ha propuesto una metodología para estimar la actividad relativa de 
dislocaciones ordinarias y superdislocaciones, así como su correspondiente tensión 
crítica de cizalla resuelta. Se ha observado que en microestructuras dúplex y laminares 
un número relativamente elevado de trazas de deslizamiento corresponden a sistemas 
que no obedecen la ley de Schmid con respecto a la carga aplicada y que, por tanto, 
deben ser activados por tensiones locales. Finalmente se propone que el deslizamiento 
intragranular de dislocaciones contribuye a la acomodación del deslizamiento de 
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1. Introduction  
   
1.1 Gamma titanium aluminides  
Gamma titanium aluminides are structural intermetallics with a singular combination of 
low densities (3.9-4.2 g/cm3) and excellent mechanical properties at high temperature [1-3]. 
Therefore, they are being targeted by aerospace industries aiming to build lighter and stronger 
engine components such as, for example, low pressure turbine (LPT) blades [4, 5]. An example 
illustrating these higher specific properties of -TiAl alloys in comparison with other metals is 
shown in Figure 1.1, which explains how such alloys have the potential to replace the heavier 
Ni-base superalloys currently used. Extensive research efforts during the past two decades [6-
13] have resulted in the development of a wide variety of -TiAl alloys with balanced properties 
as room temperature elongation-to-failure, fracture toughness, high-temperature strength, 
creep resistance and oxidation behavior. Moreover, some of these alloys have already found 
commercial uses [14, 15]. In the following, the state of the art on the physical metallurgy of 













Fig. 1.1 High temperature (a) specific strength and (b) specific modulus of different structural 
metals and intermetallics [3]. 




1.1.1 Phase transformations 
The Ti-Al binary phase diagram was first published in the 1950s [16, 17] and this work 
has been a reference for posterior research [18-22]. The -TiAl phase diagram is still under 
research due to its high complexity. The current state of the art on this issue has been 
summarized by Schuster et al. [20] and Hecht et al. [21]. In the proposed phase diagrams 
(Figure 1.2) the two main intermetallic phases (-TiAl and 2-Ti3Al) are stable at room 
temperature in thermodynamic equilibrium for intermediate Al concentrations (35-49%). The 
-TiAl phase has a face centered tetragonal (fct) L10 structure and the 2-Ti3Al phase has a 
hexagonal close packed (hcp) DO19 structure (Figure 1.3). Their corresponding lattice 
parameters are: -TiAl: a=0.4005 nm, c=0.4070 nm; α2-Ti3Al: a=0.5782 nm, c=0.4629 nm. The 
volume fraction of these two phases is controlled by the concentrations of Al. In general, -TiAl 
based alloys are composed by a 0.80-0.95 volume fraction of the  phase, with the remainder 
being 2 phase [6, 7]. Considering possible alloying in order to improve the binary alloy 
properties, ternary phase diagrams have also been deeply studied under an extensive 




















Fig. 1.2 (a) Complete binary Ti-Al phase diagram [20] and (b) section of the full diagram 
corresponding to intermediate Al concentrations [22].  
 






Extensive research on the TiAl binary phase diagrams has led to the proposition of 
several phase transformation sequences as a function of the Al content. The microstructure 
formation during solidification is, thus, also strongly dependent on the Al concentration [7, 20]. 
In alloys with Al concentrations below 45 at.%, the solidification path goes through the  phase 
(body centered cube structure, bcc, A2 structure and its ordered B2 variant)  (      
   ). -solidifying alloys exhibit a refined and homogeneous microstructure without 
microsegregations, which indicates backdiffusion in the  phase and solidification relatively 
close to the equilibrium. In alloys with Al concentrations between 45 and 49 at.%, the 
solidification path goes through the phase (             ). Inhomogeneities 
and segregation can be derived from the peritectic reaction by which dendrites transform 
into the  phase. An increase of the Al content until 55 at.% results in an increasingly lower 
driving force for the formation of  and  in favor of the formation of the phase.  
Following solidification and upon further cooling, -TiAl intermetallics with intermediate 
Al concentrations (38-50 at.%) pass through the  solid solution region. Denquin and Naka [26] 
proposed three main solid-state transformation mechanisms: lamellar transformation, 
discontinuous coarsening and massive-type transformation. Particularly, they explained that 
lamellar transformations mechanism consisted on the        ordering reaction combined 
with a massive transformation, which is based on the precipitation of  lamellae in the  or 2 
matrix via the following sequence:           . They also explained that these 
reactions occur through a pre-nucleation stage, which changes the ABAB hcp stacking 
sequence to the ABC or ACB fct stacking sequences. Then, a nucleation stage occurs by 
promoting ordering reactions and lamellae grow. In this last stage,  phase grow following 
defined orientation restrictions which limit their c-axis alignment with respect to the hcp 
structure [27, 28]. More recent studies by Zghal et al. [29] also confirm that  phase 
orientation depends on the transformation temperature stage. Additional information about 
specific aspects of these transformations can be found in [30-34]. 
 
1.1.2 Microstructures  
-TiAl alloys with Al concentrations between 35 and 49 at.% exhibit a wide range of two 
phase (-TiAl and 2-Ti3Al) microstructures, which are commonly classified as a function of the 
volume fraction of equiaxed grains and lamellar colonies (grains containing stacked, parallel 
lamellae) [7]. The most representative -TiAl microstructures are shown in Figure 1.4. They are 
termed, respectively, fully lamellar (FL, composed exclusively by lamellar colonies), nearly 




lamellar (NL, containing a small fraction of equiaxed grains), duplex (D, comprising similar 
volume fractions of equiaxed grains and lamellar colonies) and near gamma (NG, composed 
solely by equiaxed grains). Other particular lamellar microstructures are the so called 
Widmanstätten colonies and feathery structures. The former are packets of parallel (2+) 
lamellae inside existing lamellar colonies [35, 36]. The latter are groups of lamellae within a 
colony that are slightly misoriented (typically less than 15 °) with respect to the surrounding 
colony [37] and are not exactly parallel to one another. 
The above described microstructures may be generated in a given -TiAl alloy by thermal 
treatments involving different temperatures and cooling rates [8, 12, 26, 27, 38, 39], as 
illustrated schematically in Figure 1.5. Heat treating at temperatures slightly above the 
eutectoid point results in the development of near gamma microstructures. Higher annealing 
temperatures favor the stabilization of  regions, and, in turn, lead to the formation of 
lamellar microstructures as  lamellae grow from the  domains. Thus, duplex and nearly 
lamellar structures will result from annealing at increasingly high temperatures within the + 
phase field. The development of fully lamellar microstructures requires treating at 
temperatures above the -transus. Moreover, low cooling rates (≤10 °C/s) promote the 
formation of lamellar microstructures. The lamellar spacing and the colony size will depend on 
the specific rate. In contrast, higher cooling rates (>100 °C/s) promote the stabilization at room 
temperature of the or the 2 phases or the massive  phase transformation, i.e., the 
















Fig. 1.4 -TiAl microstructures: Fully lamellar (FL), nearly lamellar (NL), duplex (D) and near 




















1.1.3 Lamellar domain structures 
Each  grain gives rise, upon cooling, to an unique (2+) lamellar colony, where the 2 
basal planes are parallel to the former  basal plane. Lamellar interfaces may be of either the 
2/ or the / type. The most densely packed planes of both phases are always parallel to the 
interphase boundaries. -TiAl and 2-Ti3Al phases are always oriented according the Blackburn 
relationship [40]: 
 
                                               and      
             
       
 
Because of the symmetry of the  phase, there are six variants of this orientation 
relationship, which can formally be described  by rotations of the two phases relative to each 
other by a multiple of 60 ° around [0001]2 and < 111 >, respectively (Figure 1.6(a)). 
Considering the two different  phase stacking sequences (ABC or ACB) [29], the six  variants 
presented above could be divided into two groups of three. Each of the three  variants 
corresponds to a different orientation of the          direction in the habit plane. Therefore, 
there are three / interfaces. The latter receive different names according to the rotation 
angle around the <111> direction that would bring both neighboring variants into 
coincidence. As such, / interfaces are termed pseudotwins (PT, 60 °), order variants (OV,   
 
Fig. 1.5 Microstructure generation in -TiAl alloys by thermal treatments [6]. 




120 °) and true twins (TT, 180 °). At PT  interfaces the          direction of one of the lamellae is 
perpendicular to the         direction of the neighboring lamellae. In this case, the atomic 
stacking of the parent fct lattice is reversed and the order is rotated. Then, PT interfaces 
exhibit a quasi mirror configuration of the atoms arrangement on       planes. At the TT  
interfaces the        direction of one of the lamellae is antiparalell to the        direction of the 
neighboring lamellae. At this interface only the stacking sequence of the parent L10 structure 
is changed. Therefore, they are characterized by a mirror arrangement across the interface. 
Finally, in OV  interfaces the        direction of one lamellae is antiparalell to the        
direction of the adjacent lamellae. Moreover, these interfaces retain the ABC stacking of the 
fcc lattice, disregarding tetragonal configuration. The orientation relationships explained 
previously are schematically illustrated in Figure 1.6(b) [41, 42]. Within one lamellar colony, TT, 
OV and PT variant orientation relationships occur across / interfaces and define the lamellar 
variant structure, while OV domains exist in the interior of individual lamellae [43]. This 
characteristic lamellar domain structure can be recognized in the high resolution TEM 




















           
Fig. 1.6 (a) Orientation relationship between the 2 and   phases [7]; (b) schematic drawing of 

















Previous research work has shown that the frequency of  TT interfaces is higher than 
those of PT and OV boundaries [44-46], as illustrated in Figure 1.8(a). Moreover, Figure 1.8(b) 
illustrates the calculations of the interface energies by atomistic modeling carried out by 
Mansour et al. [47], which attest to the low interface energy values of TT boundaries. This 
















Fig. 1.8 (a) Frequency of TT, OV and PT interfaces in a Ti-48Al-2Cr-2Nb polycrystalline alloy 





Fig 1.7 The -TiAl lamellar domain microstructure [7]: (a) High resolution TEM micrograph; (b) 
schematic drawing. 




1.1.4 Alloy design  
The composition of -TiAl alloys has evolved since their identification as potential 
aerospace materials. Studies started from the analysis of binary alloys and their well balanced 
properties, and posterior research has focused on ternary and quaternary alloying as a key 
design tool [6, 7, 12].  
 
First generation of -TiAl alloys 
In the early 90s, the first generation of TiAl alloys was based on the Ti-48Al system, 
which exhibited the highest elongation to failure at room temperature among other binary Ti-
Al alloys [48]. Alloying additions of 2% Nb and 2% Cr or 2% Mn were considered in order to 
increase high-temperature strength and creep resistance as well as elongation-to-failure at 
room temperature, respectively [7, 49, 50]. Nb additions benefited oxidation resistance by 
decreasing the final 2 volume fraction, as the 2 phase has higher O2 solubility than the  
phase, and by promoting Al2O3 formation. In addition, Nb alloying displaces phase 
transformation temperatures and promotes the development of the softer  phase. On the 
other hand, Cr or Mn additions result in a reduction of the  transus temperature and lead to 
more ductile alloys. The origin of this effect is, however, still not clearly understood due to the 
large amount of parameters involved in the process. Therefore, at these earlier stages, the 
most important alloy was Ti–48Al–2Cr–2Nb. It was patented by Huang et al. [51] and 
commercialized by General Electric. It is the most investigated alloy to date.  
 
Second generation of -TiAl alloys 
During the late 90s an important effort was made in order to develop a second 
generation of -TiAl alloys with improved creep resistance and room temperature ductility. The 
base composition range investigated was: Ti-(45-48)Al-(1-3)X-(2-5)Y-(<1)Z where X=Cr, Mn, V; 
Y=Nb, Ta, W, Mo; Z=Si, B, C. Table 1.1 summarizes the effect of each element on the alloy 
properties [12]. The addition of -stabilizer elements (Y) [52-55], such as Nb, that go into solid 
solution, was considered in order to further enhance high temperature capabilities.  
Additionally, incorporating not soluble elements (Z) [7], which lead to silicides, borides and 
carbides precipitation, helped in achieving a final microstructure refinement that improved 
elongation-to-failure values. The latter alloying strategy is commonly carried out by the XDTM 
process, which was devised at the Martin Marietta Laboratories [56-58] for the fabrication of 
discontinuously reinforced composites through an in situ method that allows controlling 






Corporation and has been used for the processing of Al and Cu-based metal matrix composites 
(MMC), titanium, nickel and iron aluminides as well as refractory metal aluminides. TiAl-XDTM 
alloys exhibit homogeneous microstructures with refined lamellar colonies due to the addition 
of TiB2 particles as reinforcements [59]. Borides are present along the grain boundaries or 
inside the grains and exhibit particulate, needle or lacey shapes [60]. This type of reinforced 
alloys exhibit superior strength at high temperature and borides are particularly useful to 
assist fatigue behavior [61, 62]. The most studied 2nd generation alloy is the Ti–45Al–2Mn–














Third generation of -TiAl alloys 
Finally, during the last decade, a 3rd generation of TiAl alloys has been developed with 
the aim of increasing high-temperature capabilities beyond the limits of the previously 
developed alloys. For that purpose, higher -stabilizer concentrations were considered in 
order to promote -solidifying mechanisms and then obtain more homogeneous and refined 
microstructures [6, 7, 63]. Moreover,  phase is soft and ductile at high temperatures, 
although an explanation for that effect is nowadays a matter of study. Therefore, TNB alloys 
were developed by adding high contents of Nb (5-10%) and small additions of B and C (<1%) 
and TNMTM alloy families were created by adding Nb and Mo in balanced proportions. These 
3rd generation alloys benefit from enhanced creep resistance, although undesired 
recrystallization processes may lead to softening under certain processing conditions.  
Table 1.1 Effect of alloying elements on the mechanical properties of -TiAl alloys [12] 
 
Element Effect 
Nb Increases oxidation and creep resistance in small amounts (2%); 
increases high temperature strength if added between 5% and 10% 
Ta Increases oxidation and creep resistance and limits hot cracking 
W Improves oxidation and creep resistance 
Cr Increases ductility if added in small amounts (2%); increases oxidation 
resistance if added in the range of 8% 
Mn Increases ductility 
V Increases ductility 
Mo Increases strength and creep and oxidation resistance 
B Refines grain size 
C Increases creep and oxidation resistance 
 




1.1.5 Processing of -TiAl alloys 
-TiAl intermetallics have been conventionally processed by ingot metallurgy, casting 
and powder metallurgy (PM) [7, 12, 64-66], usually followed by post-processing steps in order 
to reach homogeneous microstructures and avoid remnant porosity. However, there is still an 
important challenge associated to -TiAl processing due to its inherent elevated costs and its 
machining limitations, derived from the material’s low ductility at room temperature. 
Therefore, -TiAl alloys processing requirements are very complex and new advanced routes 
are currently being developed. 
 In particular, more processing routes at high temperature through near net shape 
techniques are being considered in order to reduce costs by avoiding material losses and final 
machining. Examples of these techniques are centrifugal casting, hot isostatic pressing (HIP) or 
field activated sintering, such as spark plasma sintering (SPS) [67-70]. 
Future advances on -TiAl processing point towards additive manufacturing techniques 
[71], which are based on a selective densification of metal powder by melting in a layerwise 
manner following a computer-aided design (CAD). These techniques include electron beam 
melting (EBM) or selective laser melting (SLM) [72-74]. Comparable microstructures and 
mechanical properties to those achieved by other techniques have been obtained, although 
improved porosity levels would be desirable. 
 
1.1.5.1  Centrifugal casting 
Centrifugal casting consists on the solidification of the molten metal in rotating moulds, 
where the rotation speed and the metal pouring rate vary with the alloy, size and shape being 
cast [75]. -TiAl alloys manufactured by centrifugal casting exhibit lower defect concentration 
than conventional ingot ones and their processing involves lower material loss. Computational 
analyses of mould filling and solidification during centrifugal casting have revealed that the 
small pores present are associated with existing temperature gradients [76, 77]. -TiAl LPT 
blades [78] and automotive valves [79, 80] are commonly processed by centrifugal casting via 








1.1.5.2  Powder metallurgy  
In order to solve segregation issues as well as reproducibility difficulties, PM techniques 
are presented as a cheaper and more efficient alternative to conventional casting routes. A 
wide variety of PM consolidation routes have been considered, from conventional methods 
using elemental powders [59, 81-83], until the more recent innovative techniques [66, 70, 73, 
84] in which prealloyed powders are used, resulting in improved microstructural 
homogenization and mechanical properties.  
Prealloyed powders are usually obtained by gas atomization techniques, where the 
quality of the powder is measured by its contamination, particle size, particle size distribution 
and shape. Gas atomization techniques consist of breaking up a melt stream into metallic 
powder particles by applying a flow of inert gas. -TiAl prealloyed powders are usually 
atomized by crucible-free techniques or cold crucible techniques due to its reactive nature. 
Among them, plasma inert-gas atomization (PIGA), electrode induction gas atomization (EIGA) 
or titanium gas-atomizer process (TGA) are the most common [66]. In the PIGA process [85] a 
plasma torch is utilized in order to melt prealloyed material under a protective atmosphere 
(He or Ar) in a water-cooled copper crucible. In the EIGA process [86] the tip of the prealloyed 
rod is dipped into a conical induction coil and it is heated up (Figure 1.9(a)). Then, the melt 
drops into the center of a gas nozzle, where it is atomized by Ar gas. TGA is a similar processing 
technique to PIGA or EIGA, although in this case an induction skull melting unit is used to melt 
the prealloyed or elemental or master alloy ingot. In general, wide powder particles size 
distributions are obtained by the atomization techniques described above. Registering the 
cooling rates for different particles is experimentally very challenging. Gerling et al. [66] 
proposed the relationship between the cooling rate and the powder particle diameter that is 
illustrated in Figure 1.9(b). Powder particles with different sizes have usually widely varying 
microstructures according to the different cooling rates [87] (Figure 1.9(c, d)). 
  High energy milling (HEM) is usually utilized to break down TiAl powder particles, to 
achieve more homogeneous and refined final microstructures, as well as to facilitate 
mechanical alloying and lattice amorphizations [88-90]. Current laboratory research has largely 
advanced in this area and very recent publications show attractive results [91-93]. 
Since the prealloyed TiAl powder particles are rather hard, conventional pressing and 
sintering methods are usually substituted with more advanced hot compaction techniques, 
such as HIP [94-98] or SPS [68-70, 99-107]. The first PM processing trials in -TiAl included 
conventional hot consolidation techniques [81-83]. Hot consolidation techniques, consisting of 
the simultaneous pressing and sintering of the powders, have proven effective to enhance 




compaction owing to the temperature activation of diffusion and straining mechanisms. Hot 
consolidation is commonly utilized for the manufacturing of conventional Ti alloys [108, 109] 
as it leads to a good microstructural homogenization and high density values. One of the most 
established hot consolidation techniques is HIP [67, 94-98]. HIP can be used directly to 
consolidate powders or to reduce the remnant porosity present in previously cold 
consolidated samples. HIPing at different temperatures followed by heat treatments 


















Field activated sintering techniques use electric currents to improve consolidation under 
lower temperatures, pressures and holding times. These techniques facilitate rapid powder 
densification, thus resulting on minimal grain growth and limited pore formation [110]. The 
most popular field activated sintering technique for -TiAl processing is spark plasma sintering 
(SPS) [68-70, 99-107] which consists on passing high intensity current pulses through the 
powder under uniaxial pressure. A schematic drawing of the SPS process is shown in Figure 
1.10(a). This processing route was first patented [111] in 1933 and subsequently applied by 
Munir et al. [110] for the processing of a wide variety of metallic materials. SPS has been 
recently utilized for the fabrication of advanced selected -TiAl alloys mainly by Couret et al. 
[69, 70, 101-107]. Important efforts are been devoted to improve the experimental 
 
Fig. 1.9 (a) Schematic illustration of the EIGA technique; (b) relationship between the powder particle 
size and the cooling rate [66]; SEM micrograph of a polycrystalline Ti-45Al-2Nb-2Mn-1B powder 










temperature control in order to better assess the large temperature gradients involved (Figure 
1.10(b)). In fact, since large parts of intricated shapes such as turbine blades and other 
industrial components will undoubtedly suffer from large temperature gradients (Figure 
1.11(a,b)), it is key to analyze the temperature distribution along the sample geometry in order 
to control the associated microstructural heterogeneities (Fig. Fig. 1.11(c)). Additional 
investigations have focused on the study of microstructural development and densification, on 
the analysis of the deformation mechanisms and on the effect of different alloying elements, 



























Fig. 1.10 (a) Schematic drawing of the SPS process; (b) temperature field distribution in the SPS 
system and in the processed material simulated by finite elements [69]. 
 
 
Fig. 1.11 Schematic drawing of (a) a component fabricated by SPS, (b) the temperature gradient 
and (c) the microstructures developed at different locations [70]. 




1.1.6 Mechanical behavior of ?-TiAl alloys 
The mechanical behavior of ?-TiAl alloys is highly dependent on their microstructures. In 
general, fully lamellar microstructures are endowed with high strength as well as excellent 
creep resistance, whereas duplex structures are softer and usually possess higher room 
temperature elongation-to-failure. The properties are, furthermore, highly dependent of the 
volume fraction of both phases, as the ?2-phase is more brittle and ?-phase is softer, as well as 
of the complex multilayered configurations defined by ?/? and ?2/? interfaces in 
polysynthetically twinned (PST) crystals or in polycrystalline lamellar materials. Depending on 
the interface type distribution, as well as on the lamellae orientation with respect to the 
loading axis, different mechanical behavior might be expected.  
Monocrystalline lamellar structures exhibit high plastic anisotropy as their yield stress 
and elongation-to-fracture strongly depend of the lamellar orientation with respect to the 
loading axis (?) (Figure 1.12). Many authors have worked on this issue through the study of PST 
crystals [112-115]. When lamellae are parallel or perpendicular to the loading axis, higher yield 
stresses with lower elongation values are registered. In this hard mode, shear is mostly 
transverse to different lamellae and dislocation pile-ups occur at the lamellae interfaces. 
When?? is comprised between 30 ° and 60 °, higher elongations with lower yield stress values 
are registered. In this softer mode, shear occurs parallel to the lamellae interfaces and pile-ups 
form preferentially at the ? domain boundaries, dislocation slip paths are larger and higher 
ductilities are achieved. Figure 1.12 shows the stress-strain curves associated to the defined 
modes and illustrates the corresponding mechanisms. Polycrystals composed by soft and hard 
lamellar colonies, suffer from large strain incompatibilities derived from the different 
mechanical response of individual lamellar colonies. This is known as a pre-yielding 
phenomenon and seems to be an important reason to explain the lamellar low ductility against 











Fig. 1.12 Stress-strain curves illustrating the mechanical response of PST ?-TiAl lamellar structures as 
a function of the relative orientation of the loading axis with respect to the lamellae interface [114]. 






1.1.6.1 Deformation mechanisms  
Plastic strain accommodation of -TiAl based alloys at a wide range of temperatures and 
quasi-static strain rates has been reported to be mainly carried out by the softer  phase 
through dislocation motion and mechanical twinning [7]. Activation of the latter has been 
found to be important to attain a sufficient number of deformation modes for strain 
compatibility [117]. Moreover, thermal activation promotes dislocation cross-slip and climb 
enhancing plastic deformation and reducing the plastic anisotropy.  
Dislocation slip in fct -TiAl occurs preferentially on {111} planes along <110> directions 
in lamellar and equiaxed microstructures. Since the <110> slip directions are 
crystallographically not equivalent, two types of dislocations can be distinguished (Figure 
1.13): ordinary dislocations (OD), with Burgers vector                and superdislocations 
(SD), for which             and               . Table 1.2 summarizes the twelve slip systems 
available as well as the type of dislocation corresponding to each one [41]. In lamellar 
structures dislocations may be further classified according to the orientation between their slip 
plane and direction and the corresponding lamella interface. As such, the so called dislocation 
morphology may be longitudinal (l), when both are parallel to the lamella boundary, mixed 
(m), when the plane makes an angle with the interface but the direction is parallel to it, and 
transverse (t), when both make an angle with the lamella boundary [118]. Table 1.2 











In terms of dislocation activity, slip of OD has been found to prevail always over SD slip 
in two phase -TiAl alloys [7], particularly at room temperature, where SDs are rarely observed 
and only constraint stresses can promote their glide. The activation of SDs is a complex 
function of temperature and alloy composition. An increase on the aluminum content [119] as 
 
Fig. 1.13 Representation of -TiAl slip systems. The drawing shows a {111} plane and the 
orientation of the Burgers vectors corresponding to ordinary dislocations and 
superdislocations [7] 




well as high levels of interstitial impurities in the -phase [120, 121] appear to promote SD 
movement. Further research is required in order to assess OD and SD activation and, thus, to 

















The Schmid law establishes that dislocation glide on a specific slip system is activated 
when the resolved shear stress on the slip plane along the slip direction () at an applied stress 
() is superior to the critical resolved shear stress (CRSS) for that specific slip system [122]. The 
resolved shear stress is calculated by: 
 
                                   (1.1)                                      
 
 where  is the angle between the applied stress and the slip plane normal and  is the angle 
between the applied stress and the slip direction. The product          is the so called 
Schmid factor (SF). Due to the complexity of the microstructures typical of -TiAl alloys, the 
CRSS values corresponding to the different slip systems have been little investigated and the 
few existing studies were carried out in single phase  single crystals. The CRSS values have 
been found to depend mainly on the alloy composition, the temperature and the strain rate. 
The CRSS values corresponding to OD (CRSSO) and SD (CRSSS) in -TiAl single crystals were 
measured by Inui et al. [119] and other authors [123-126] and are summarized in Figure 1.14, 
Table 1.2  Classification of -TiAl slip systems depending on the dislocation type (OD: ordinary 
dislocation; SD: superdislocation) and the dislocation morphology [41, 118]  
 
Slip Plane Slip Direction  Dislocation Type Dislocation  
Morphology 
             OD Longitudinal 
             SD Longitudinal 
             SD Longitudinal 
               OD Transversal 
               SD Transversal 
              SD Mixed 
              OD Mixed 
             SD Transversal 
             SD Transversal 
             OD Transversal  
              SD Mixed 







which shows the variations of these parameters with the Al content and with temperature in 
single crystal gamma alloys. In general, increasing the Al concentration results in an increase of 
the CRSS values. Additionally, both CRSSO and CRSSS present anomalous behavior with 
temperature, as both exhibit a peak at temperatures between 700 °C and 1000 °C. Knowing 
the CRSS values corresponding to the different deformation mechanisms of engineering alloys, 
as well as how alloying additions and operating service conditions (temperature, strain rate) 
affect those values is critical to the development of materials with improved properties. 
However, current methodologies to measure CRSS values are very time consuming, as they 
involve the fabrication of single crystals with different orientations in combination with 
numerical approaches, such as finite element modeling. Devising new, more efficient 
methodologies to evaluate CRSS values, especially in polycrystalline, multi-phase 
microstructures, is a timely issue that could certainly contribute to accelerate the design of 


















-TiAl alloys are susceptible to creep at low constant stresses and temperatures above 
650 °C-750 °C (T>0.4TM). The typical service conditions for LPT turbine blades (150 MPa, 750 
°C) are comprised within these stresses and temperature ranges and, thus, improving the 
creep resistance of -TiAl alloys is of critical importance. A distinct feature of creep in -TiAl 
 
Fig. 1.14 Variation of the CRSS values corresponding to different slip systems with: (a) the Al 
content, for PST Ti-50Al [113] and Ti-54-58Al single crystals [119]; and (b, c) the temperature in                                    
Ti-56Al,        Ti-55.5Al , +Ti-56Al,        Ti-56Al and *Ti-54.5Al [7]. 
 
 




alloys is that they usually exhibit a limited secondary creep region that is characterized by the 
absence of a steady-state, in which the creep rate reaches a minimum and then increases with 
strain leading to the tertiary stage [7, 127]. This minimum creep rate (    ) depends on the 
temperature, the stress, the alloy chemistry and microstructure [7, 128]. In addition,      is 
observed to vary as a function of the lamellae orientation with respect to the applied stress, as 
revealed by studies of PST TiAl alloys. While those with hard orientations exhibit a lower      
than that associated to polycrystals, in the ones with soft orientations      is comparable to 
that of the latter [129, 130]. The application of the Dorn approach to 2+TiAl polycrystalline 
alloys has rendered wide variations of the stress exponents, n, and of the activation energies 
for creep, Qc, suggesting that the applicability of this phenomenological methodology to such 
complex microstructures is questionable [7, 130-132]. In general terms, dislocation slip and 
mechanical twinning are active during the secondary creep stage. In particular, dislocation 
climb appears to be the rate controlling process at stresses below a certain threshold, which 
depends of the microstructural parameters, such as colony size and lamellar spacing, and 
dislocation glide would be dominant at higher stresses [133]. At low strain rates diffusion-
based mechanisms such as grain/colony boundary sliding (GBS/CBS) have been also observed 
to contribute to deformation, although their activation is still a matter of discussion [128, 134-
139]. In particular, the influence of microstructural parameters such as the colony size and the 
presence of equiaxed grains on the incidence of GBS/CBS as well as the prevailing 
accommodation mechanisms, are not completely understood. Finally, degradation of the 
lamellar structures due to phase transformations and dynamic recrystallization, the formation 
of shear bands, grain boundary sliding and formation of voids is reported for the tertiary creep 
stage [7, 140]. 
Fully lamellar TiAl microstructures outperform equiaxed and duplex microstructures in 
terms of creep resistance [128, 141-149]. Systematically increasing the volume fraction of the 
lamellar constituent in a microstructure composed of equiaxed  grains and colonies of 
2+lamellae leads to lower creep rates and extended creep lives. In addition, significantly 
reduced creep rates for all stages have been observed for finer lamellar spacing () in fully 
lamellar polycrystalline microstructures containing 140 << 660 nm for Ti-47Al [142], 120 < < 
450 nm for Ti-48Al [143], 55 < < 400 nm for Ti-45-2Nb-2Mn+0.8v% TiB2 [134]. However, 







1.1.6.2 Fracture mechanisms 
At room temperature -TiAl alloys undergo brittle fracture. Lamellar microstructures are 
known to have greater fracture toughness than duplex ones due to crack deflection at lamellar 
interfaces and to the development of microcracking and crack bridging ligaments [7, 151]. 
With increasing temperature the fracture toughness of both lamellar and duplex structures 
increases, but this effect is most pronounced in the latter [7]. Crack propagation mechanisms 
in lamellar microstructures depend on the temperature as well as on the relative orientation 
between the lamellae and the applied stress [115]. At room temperature in lamellar 
microstructures, cracks may propagate both across lamellae (translamellar) or along lamellae 
interfaces (interlamellar) [114, 129, 152, 153]. When the lamellae are oriented parallel to the 
loading axis, cracks are perpendicular to the lamellae interface and propagate following a 
zigzag path. This translamellar crack propagation highly depends on the resistance of the 
different interfaces and gives rise to very rough fractures surfaces. When the lamellae are 
perpendicular to the loading axis cracks propagate along the lamellae interfaces, causing 
delamination and lead to a typical cleavage-like fracture. Cleavage occurs along the habit 
planes and tends to start on the 2/ higher energy interfaces. Finally, when lamellae are 
inclined with respect to the loading axis a mixed fracture behavior is observed. Nevertheless, 
higher incidence of delamination and cleavage has been reported. In duplex microstructures, 
transgranular cracks predominate. At high temperatures, colony and grain boundaries and, in 
particular, triple points, are favorable sites for crack nucleation and propagation in lamellar 
and duplex microstructures. The nucleation of wedge cracks due to grain/colony boundary 
sliding is often observed [154, 155].  
 
1.1.7 Industrial applications 
-TiAl alloys are established as recognized and attractive alloys for the aerospace 
industry [3-6] owing to their high specific properties combined with its good behavior under 
high temperature service conditions. With the aim of reducing fuel consumption, aircraft 
companies plan to substitute the older and heavier Ni-base superalloys with the novel and 
lighter -TiAl alloys, with the key objective of reaching a 40 % weight reduction.  Aircraft engine 
components must perform well under different pressure and temperature conditions 
depending on their position with respect to the combustor system. Therefore specific 
materials must be considered for the different engine sections in order to reach high efficiency 
levels under low fuel consumption. Particularly, gamma titanium aluminides are thought to be 




placed in the low pressure turbines (LPT) blades which make 20% of the engine’s weight and 
which operate at temperatures of about 750 °C [5-7, 156, 157]. 
 These materials and, in particular, the Ti-48Al-2Cr-2Nb alloy, have already found 
commercial uses in General Electric (GE) engines in the last two stages of the seven-stage LPT 
blades on GEnx engines, which are used in Boeing 787 dreamliner planes that are flying for 
companies such as United Airlines, British Airways or Qatar airways. In May 2013, 240 engines 
were in service, with more than 585000 h of operation and 112000 cycles, performing with a 
99.94% of reliability.  On the other hand, Rolls-Royce (RR), in collaboration with ITP (Industria 
de Turbo Propulsores S.A.), the main company leading LPT manufacturing is betting for the Ti-
45Al-2Nb-2Mn+0.8%TiB2 alloy as the best candidate [158]. Since 2007, important efforts have 
been carried out by RR to incorporate TiAl intermetallics on Trent 1000 engines that were first 













-TiAl alloys are also potential lightweighting materials for the automotive industry. The 
high temperature capabilities of these materials allow for good service behavior on the 
combustion engine which must operate under elevated gas pressures and temperatures 
comprised between 850 °C and 1050 °C. Examples of these components are the engine intake 
and exhaust valves, the turbocharger wheels or the connection rods [7, 159, 160]. Inclusion of 
gamma TiAl alloys in Formula 1 cars is expected to be facilitated by new regulations which are 
about to be put in place in the period 2013-2014 [161].  
Finally, -TiAl alloys are also being considered for high temperature nuclear applications 
owing to their superior creep, irradiation and oxidation resistance [162].  
 
 








1.2 In situ electron microscopy 
Traditionally, materials´ properties have been characterized through ex situ techniques 
using post mortem samples. Inherent limitations were always assumed as conclusions needed 
to be inferred from the acquired data or the materials inspection after testing. Actually, these 
ex situ characterization techniques have already allowed us to understand well known 
transformation mechanisms or to establish the relationship between the material’s 
microstructures and their final mechanical properties, giving even the possibility to propose 
general models for a large variety of materials. Nevertheless, there is a lack of knowledge 
about when and how the transformations happen or how damage nucleates and progresses 
during constraining.  Therefore, in situ electron microscopy techniques [163, 164] have been 
developed during the last decades in order to fill this gap.  
The first works considering in situ electron microscopy date from the 1960s, when 
materials science found a necessity to describe more deeply dynamic processes [164, 165]. In 
situ electron microscopy has been utilized to investigate a wide variety of experiments and 
materials. Initially, in situ experiments were more frequently carried out by TEM [166-172]. 
However, in situ SEM works [163, 164, 173] have received increasingly more attention due to 
their high reliability and the recent significant improvements in high resolution SEM imaging. 
The following section will go into further explanation of in situ SEM techniques developed until 
today, which are relevant to the research work presented here.  
 
1.2.1 In situ SEM experiments  
In situ SEM experiments aim to understand the materials behavior by following SEM 
observations of morphological changes occurring in the course of time in the investigated 
samples under specific constraints [163, 174, 175].  
In situ SEM experiments are mainly limited by the capabilities of the microscope and the 
planned research objectives (materials and applied constraints)[163, 175]. To carry out these 
dynamic experiments, the chambers of the microscopes are considered as microlaboratories 
where specific stages are included and different tests conditions are performed, varying 
temperature and pressure. Engineering advances on the design of stages for specimens, which 
support special experimental conditions and fit inside the tightly packed SEM chamber, have 
been critical on the development of in situ SEM techniques. High temperature in situ SEM 
experiments are in fact benefited by the not conductive, neither oxidative, vacuum properties 
within the chamber. However, considerable challenges are associated with heating and 




thermal stabilization in vacuum atmospheres, as well as with measuring the reached 
temperatures [176]. Environmental scanning electron microscopes (ESEM) allow to carry out 
experiments under different atmospheres [164]. 
 Due to the complexity of the in situ SEM experimental procedure, the behavior of the 
materials must be carefully evaluated ex situ before testing and the geometry of the samples 
should be designed according that. Sample’s size can usually vary from 1 m to 50 mm 
depending on the testing stage. In situ characterization of materials involving electron 
microscopy has been developed over the past decade to the point where high resolution SEM 
images combined with energy dispersive X-ray spectroscopy and electron backscattered 
diffraction (EBSD) maps [177] can be obtained dynamically at different strain levels. Currently 
only 2D surface observations [178] are possible, and therefore the constraints imposed on 
grains within a bulk specimen are not completely considered. However, in the near future this 
technique will be combined with the capabilities of focus ion beam (FIB) microscopy in order to 
facilitate examination of materials in 3D. 
In situ SEM may be carried out under different constraints (atmospheric pressure, 
temperature, electrical or magnetic fields and load, among others). This technique has been 
utilized, on the one hand, to understand the fundamentals of different growth and 
transformation phenomena [163]. For example, in the area of metallurgy, it was utilized to 
investigate the titanium hcp to bcc phase transformation by Seward et al. [179], by using 
experimental devices similar to those developed by Bozzolo et al. [180] for in situ annealing 
experiments. In situ ESEM has also been utilized for biology and soft matter research [164, 
181, 182]. Finally, the advent of in situ mechanical testing micromachines has allowed to 
analyze the materials deformation and fracture mechanisms [183-185]. This methodology has 
been mainly developed for metals research [186, 187], as will be reviewed in next section, 
although it has occasionally also been applied to analyze damage mechanisms in polymers 
[188], fiber-reinforced composites [189-192] or adhesive joints [193].  
 
1.2.2 In situ SEM mechanical testing 
In situ SEM mechanical testing aims to describe the deformation and fracture 
mechanisms of different materials by following the microstructure evolution of the samples 
under straining [163, 174]. In situ SEM mechanical testing experiments can be performed by 
applying different types of loading conditions [183], which include tension, compression, 
bending, creep and fatigue. In addition, in situ nanoindentation [184] is currently becoming a 






multiple types of in situ mechanical testing stages. Microtensile testing machines with screw 
driven miniature load frames (Figure 1.16(a)) have been carefully placed below the beam gun 
during the last decade [194-196]. Moreover, recent advances on micro-electro-mechanical 
(MEMS) force sensors [197, 198] have allowed a scale reduction and more precision handling 
of the devices (Figure 1.16(b)). In situ SEM mechanical testing aided by digital imaging 
correlation (DIC) has also allowed a more precise measurement of the displacement or strains 
[199, 200], thus favoring a better correspondence between in situ and ex situ tests and with 
















Owing to the high potential and versatility of this technique, multiple types of materials 
have been mechanically characterized in situ during the last years [201-213]. Among metals, 
pure titanium and titanium alloys, magnesium alloys, aluminum alloys, nickel alloys or steels. 
In situ SEM mechanical testing has been utilized to improve the current knowledge about slip, 
twinning or diffusion based deformation mechanisms at a wide range of temperatures. In 
particular, in combination with EBSD, it has significantly helped to examine slip and twin 
activity in metals [214-219], as it allows to assign the observed slip and twin traces to specific 
slip and twinning systems. Thus, it helps to better understand the kinetics of the different 
deformation mechanisms and to relate their activity to specific microstructural features. 
Furthermore, the possibility of observing crack nucleation and growth inside or along specific 
microfeatures facilitates the understanding of the failure mechanisms [220-227]. In situ SEM 
      








mechanical testing become even more interesting when aiming to define thermomechanical 
behavior of materials, which requires applying high temperature conditions. It gives the 
possibility to exactly reproduce the real materials service conditions, such as the ones suffered 
in the engines environments, and so define possible service failure mechanisms. Most in situ 
tests have been carried out at temperatures up to 600 °C [228, 229], although higher 
temperatures have started to be utilized in recent years [230, 231]. Understanding the 
microscale deformation mechanisms is useful for modeling and simulations aiming to link the 
microscale to the mesoscale behavior. In turn, simulations require verification through in situ 
microscale observations. Thus, the information provided by in situ testing techniques is proved 
to be very useful to build more powerful models that predict more accurately the mechanical 
behavior given the processed microstructural condition. 
To date little work has been carried out in -TiAl by in situ SEM mechanical testing. A few 
studies have investigated the influence of the microstructure on the room temperature 
fracture mechanisms or the role of different interfaces in toughening through shear ligament 
formation [232-238]. However, the high temperature in situ mechanical behavior of -TiAl 














































































2. Motivation and objectives 
 
2.1 Motivation 
There are several important challenges that have to be overcome before -TiAl alloys 
can replace the current Ni superalloys in high temperature aerospace components. In 
particular, among them, the high-temperature capabilities of these materials must be 
improved in order to enhance their service life. Moreover, the intricate nature of the -TiAl 
alloys’ microstructures, governed by a large number of parameters (composition, colony and 
grain size, lamellae size, volume fraction of the two phases, misorientation and character of 
the interfaces), makes isolating the correlation of one microstructural feature to the 
mechanical properties difficult. In order to solve this demanding task, further analysis of the 
deformation and fracture mechanisms might be helpful to understand the relationship 
between the microstructure and the mechanical properties under service conditions and it 
would facilitate the microstructural design of -TiAl alloys for a wider range of engineering 
applications. 
Characterization of the deformation and fracture mechanisms in -TiAl intermetallics has 
been mostly carried out by ex situ mechanical testing. These testing methods have limitations 
as it is not possible to know neither the order of activation of the different deformation modes 
nor the stress or strain at which they occur during the experiment. Furthermore, 
characterization of the dislocation activity in -TiAl intermetallics has been mostly carried out 
by transmission electron microscopy (TEM). While this technique allows resolving individual 
dislocations, it has inherent limitations [240], including the difficulty in sampling large volumes, 
the likelihood of removing dislocations during sample preparation and the damage of the thin 
area by beam irradiation, which might bias the analysis. The previously explained 
disadvantages can be overcome by the utilization of in situ testing methods, which allow for 
the observation of the microstructure evolution in real time and therefore facilitate the study 
of the kinetics of the deformation and failure mechanisms. In situ mechanical testing in the 
scanning electron microscope (SEM), aided by electron back-scattered diffraction (EBSD), is 




emerging as a complementary method to analyze slip activity in metallic materials [241, 242]. 
This technique, which has not been utilized to date to investigate -TiAl alloys, would clearly be 
very helpful to understand the links between the microstructure and the activation of different 
deformation and fracture mechanisms in these intermetallics. 
 
2.2 Objectives 
The main objective of this research work is to investigate the relationship between the 
microstructure and the high temperature deformation and fracture mechanisms of a -TiAl 
alloy (Ti-45Al-2Nb-2Mn(at.%)-0.8vol.%TiB2) by in situ mechanical testing in the SEM aided by 
EBSD. The following partial objectives derive from the previous general one: 
 
 To generate a large variety of microstructures in the Ti-45Al-2Nb-2Mn+0.8vol.%TiB2 
alloy by centrifugal casting and powder metallurgy, followed by heat treatments. A 
thorough characterization of all the microstructures thus generated will be carried out, 
consisting on the estimation of the grain and colony sizes, of the interlamellar spacing 
and of the lamellae boundary misorientation. 
 
 To investigate the deformation and fracture mechanisms of the different Ti-45Al-2Nb-
2Mn+0.8vol.%TiB2 alloy microstructures generated. With this purpose in situ 
mechanical testing inside a scanning electron microscope (SEM), aided by EBSD, will 
be performed at room and high temperature (580 °C-700 °C) and the evolution of the 
microstructures during straining will be characterized.  
 
 To establish links between selected microstructural parameters and the active 












































































3. Experimental procedure  
 
3.1 Material and processing  
The -TiAl intermetallic alloy studied in this work had a nominal composition of Ti-45Al-
2Nb-2Mn(at.%)-0.8vol.%TiB2, also known as Ti4522XD [56-58]. The intermetallic was processed 
by centrifugal casting and powder metallurgy routes in order to generate a range of different 
microstructures. The processing methods are described below. 
 
3.1.1 Centrifugal casting  
The Ti4522XD alloy was processed by centrifugal casting in the form of low pressure 
turbine blades (CC-LPT) and rectangular cast specimens (CC) (Figure 3.1). The CC-LPT blades 
(Figure 3.1(a)) were provided by Industria de Turbopropulsores S.A. (ITP, Bilbao, Spain).  This 
material was centrifugally cast at the Institute of Metals Research of the Chinese Academy of 
Science (Shenyang, China) and subsequently hot isostatically pressed at 1260 °C and 140 MPa 
for 4 hours in order to remove any remnant porosity. Blades were finally heat treated at 1080 
°C for 8 hours in a vacuum furnace followed by furnace cooling. The rectangular cast ingots 
specimens (CC) (Figure 3.1(b, c)) were centrifugally cast at ACCESS e. V. TechCenter (Aachen, 
Germany) [78]. Samples were centrifugally cast in a Linn Supercast equipment with the 
following conditions: Mould rotation velocity=250 rpm; mould preheating temperature: 1200 
°C; superheat: 20-100 °C; ceramic moulds coated with Y2O3. The cast specimens were 
subsequently hot isostatically pressed at 1185 °C and 170 MPa for 4 hours in order to remove 






















3.1.2 Powder metallurgy route  
The starting material was gas atomized prealloyed powders (Ti4522XD) produced by 
EIGA [66] (Electrode induction gas atomization) in the Helmholtz-Zentrum für Material und 
Küstenforschung GmbH (Geesthacht, Germany).  
The Ti4522XD intermetallic prealloyed powders were consolidated by hot isostatic 
pressing (HIP) at 1200 °C and 200 MPa during 4 hours at the Forschungszentrum Jülich (Jülich, 
Germany). The as-HIPed material will be called hereafter PM material.  
The Ti4522XD powders were also pressed by field assisted hot pressing (FAHP) in a 
Gleeble 3800 equipment (Dynamic Systems Inc., USA), which allows physical simulation of 
processing. In this case it was used to perform the pressing and sintering steps simultaneously, 
by applying a continuous low frequency alternate current to heat the material by Joule effect.  
The prealloyed powder was poured into specific cylindrical graphite dies for the consolidation. 
The dimensions of the graphite die and punch set-up are shown on Figure 3.2(a). During 
processing, the temperatures in the two punches and the center of the die were registered. 
For this purpose, three thermocouples were glued with high temperature cement. An outside 
view of the Gleeble vacuum chamber with the gripped graphite die during processing is shown 
in Figure 3.2(b). The graphite die was gripped at a constant defined load inside the vacuum 
chamber. The applied load was 50 MPa and it was applied once the degassing temperature 
was reached. By observing the vacuum pressure, it was established that the degassing was 
stabilized at temperatures above 200 °C. The -TiAl alloy has been processed by FAHP for a 
 
   
 
Fig. 3.1 Ti4522XD cast samples: (a) CC-LPT blade and (b, c) rectangular centrifugal castings (CC). 
 





period of 2 to 10 minutes at different temperatures. The conditions were: FAHP1, 900 °C - 10 
min; FAHP2, 1000 °C - 10 min; FAHP3, 1100 °C - 10min; FAHP4, 1250 °C - 10 min; FAHP5, 1350 
°C - 2 min.  The heating rate was always programmed to be 100 °C/min, while the cooling rate 










3.1.3  Thermal analysis and heat treatments 
Differential thermal analysis (DTA) was performed in a Setsys Evolution 
thermogravimetric analyzer TGA & DTA/DSC (Setaram, France) in order to determine the 
phase transformation temperatures corresponding to the alloy investigated.  
Post processing heat treatments were performed with the aim of generating a variety of 
microstructures. Heat treatments were performed in a muffle furnace, where the heating rate 
was always programmed to be 10 °C/min. In order to avoid possible oxidation during heat 
treatments, the samples were wrapped in Ta foil and encapsulated in purged quartz tubes 
filled with Ar (Figure 3.3). In particular, the CC specimens were solution treated during 2 hours 
at 1300 °C and subsequently cooled in water (water quenching, CCWQ), in oil (oil quenching, 
CCOQ), in air (air cooling, CCAC) and in the furnace (furnace cooling, CCFC). CCWQ samples 
were subsequently annealed at 850 °C, 950 °C and 1150 °C during 1 hour and 8 hours in order 
to decrease internal stresses and to analyze the effect of the annealing temperature on the 
microstructure. Samples were identified as: CCWQ850C-1h, CCWQ850C-8h, CCWQ950C-1h, 




Fig. 3.2 (a) Graphite die and punch dimensions and (b) interior of the Gleeble 3800 chamber 
during FAHP. 
 




treated during two hours at 1300 °C and, subsequently, quenched in water and cooled in the 
furnace. The samples thus obtained were named PMWQ and PMFC, respectively. The PMWQ 
material was subsequently annealed at 850 °C during 8h in order to reduce internal stresses 








3.2  Microstructural characterization  
X-ray diffraction (XRD) was utilized to identify the phases present in the processed 
materials. Room and high temperature (600 °C-1000 °C) XRD was performed using a X-ray 
diffractometer Philips Panalytical X’Pert PRO MPD (Almelo, The Netherlands), furnished with 
an Anton Paar HTK 1200 temperature chamber (Graz, Austria). The used X-ray beam 
corresponded to the K Cu excitation line (=1.542   ) obtained by an X-ray tube consisting on 
a Cu anode and a W filament excited with a 40 mA current. The potential to accelerate the 
electrons was of 40 kV. The samples were scanned varying the 2 angle from 15 ° to 80 ° with a 
defined step of 0.03 °. Sample preparation for XRD examination consisted of fine grinding using 
increasingly finer SiC grits (down to 1200). 
Microstructure analysis was also performed using scanning electron microscopy (SEM) 
and transmission electron microscopy (TEM). SEM analysis was carried out in a Zeiss (Jena, 
Germany) EVO MA15 system equipped with Energy Dispersive Spectroscopy (EDS) capabilities 
(Oxford INCAx-act) and in a field emission gun Mira-Tescan (Brno, Czech Republic) SEM. 
Samples for SEM examination were cut with a diamond disk and mounted in an epoxy resin. 
They were then polished using silicon carbide paper and diamond paste and, finally, with 0.06 
μm colloidal silica. The average colony size was determined using the ASTM grain size standard 
[243] on the backscattered (BSE) SEM micrographs with the Olympus Image Analysis software. 
TEM analysis was performed using a FEI Instruments (Oregon, USA) Tecnai T20 TEM at 200 kV 
and also using a JEOL JEM 2100 (Tokio, Japan) TEM at 200 kV. The TEM foils were prepared by 
grinding down the material to a thickness of approximately 200 µm, then punching 3 mm 
 
Fig. 3.3 CC Ti4522XD sample wrapped in Ta foil inside a quartz tube filled with Ar. 
 





diameter disks, and finally thinning them to electron transparency using a Struers (Ballerup, 
Denmark) twinjet Tenupol-5 electropolisher until perforation. The electropolishing solution, 
which consisted of 5% perchloric acid, 35% butanol, 60% methanol, was held at a constant 
temperature of -30 °C and 40 V. The lamellar spacing was determined using several bright field 
TEM images, in the “edge-on” condition, and dark field imaging.  The 2 lamellar thickness was 
examined by isolating the (0001) 2 diffraction spot of the [1120] 2 selected area diffraction 
pattern (SADP), which overlaps the <110> SADP of the  phase according to the 
                     
         
          Blackburn orientation relationship [40] (Figure 3.4). By 
comparing the 2 lamellar width with , which constitutes the average lamellar width of both 
phases, the lamellae width was obtained.  
Electron backscattered diffraction (EBSD) was carried out in a field emission Mira-Tescan 
SEM (Brno, Czech Republic) equipped with an EDAX-TSL (Mahwah, NJ, USA) EBSD system. 
Sample preparation for EBSD involved grinding using increasingly finer SiC paper, down to a 
grit size of 4000, followed by 4 h of polishing with a mixture of 0.04 m colloidal silica and 
H202. It is well known that, for -TiAl alloys with 45-48% Al the volume fractions of the 2 and  
phases are, respectively, comprised within the intervals 5-20% and 80-95% [6, 7]. Since the 
phase has been recognized to accommodate most of the strain, only this phase was indexed. 
The fact that most of the examined areas were indexed with a high confidence index (CI>0.2) is 
consistent with the presence of a very small fraction of the 2 phase. The structural 















Fig. 3.4 [1120]2 SADP with arrows pointing (0001) 2 reflections utilized for dark field imaging 
of the 2 phase. 




3.3.  Mechanical behavior  
3.3.1.  In situ mechanical testing 
The CC-LPT, CC, CCFC and PMFC materials were selected for the in situ mechanical tests, 
as they exhibited clearly different microstructures and therefore allowed for an investigation 
of the influence of various microstructural parameters on the mechanical behavior. Several 
tensile specimens were electrodischarge-machined from all these materials with the geometry 
illustrated in Figure 3.5. This unusual geometry was designed especially for these in situ tests in 
order to facilitate the location of the area in which fracture would initiate, which is of crucial 
importance for the detection of the crack nucleation sites and the follow-up of crack 
propagation. As the intermetallic alloy under study is significantly brittle, a flat notch of 1 mm 












Table 3.1 summarizes the conditions under which the different materials were tested. In 
situ tensile tests were conducted at a constant strain rate of 10-3s-1 at room temperature (RT), 
580 ± 30 °C and at 700 ± 30 °C, while in situ tensile-creep tests were carried out at 700 ± 30 °C 
and at constant stresses (cr) ranging between 50 and 98% of the maximum flow stress (max). 
 
    Fig. 3.5 Test specimens machined from (a) LPT blades (CC-LPT), (b) centrifugally cast 
rectangular bars (CC), and (c) HIPed ingots (PM); (d) schematic drawing of the tensile 
specimen geometry. 
 





The maximum flow stress for the tested materials were: max(CC-LPT)= 520 MPa; max(CC)=460 
















In situ tests were performed using the screw-driven tensile stage placed inside the SEM 
which is shown in Figure 3.6. The load was measured using a 4,448 N load cell. The tensile tests 
were performed at a displacement rate of 0.004 mm/sec (         ). For the tensile-creep 
tests the load was applied at 250 N/min until reaching 90% of the desired creep stress (cr) and 
then at 25 N/min until reaching cr. The temperature was controlled using a constant-voltage 
power supply to a 6 mm diameter tungsten-based heater located just below the gage section 
of the sample. An open-bath, closed-loop chiller was used to circulate distilled water at room 
temperature through copper tubes to prevent the tensile stage from overheating. In the case 
of CC, CCFC and PMFC samples, temperature was controlled using a fine-gage K-type 





Fig. 3.6 (a) In situ tensile-stage inside the SEM; (b) view from the top of the gripped tensile 
sample on the in situ stage. 




thermocouple spot-welded to the gage section of each sample. In CC-LPT test samples it was 
not possible to spot-weld the thermocouple without introducing damage and, thus, it was 
placed against the gage section. To have a more precise control of the tests temperatures in 
the CC-LPT samples, the temperature measured by the thermocouple placed against the 
sample’s gage section (Tinf) was compared to another measurement by a spot-weld 
thermocouple in a damaged sample (Tsup). Figure 3.7 illustrates the values of Tinf and Tsup 
registered during heating. Once the gage-section´s desired temperature was reached, the 
sample was held at least 30 minutes prior to applying the load. The pressure in the SEM 
chamber never exceeded 4x10-6 torr, and therefore oxidation did not detrimentally affect the 
SEM imaging. Further details of this apparatus and testing technique can be found elsewhere 
[244, 245]. 
BSE SEM images were acquired before and after testing and secondary electron (SE) 
SEM imaging was carried out at periodic displacements during the tests. Tensile tests were 
thus interrupted at certain loads to acquire the mentioned SE images. However, due to the low 
strain rates typical of creep tests (10-3-10-7 s-1), SE SEM imaging did not require any test 
interruptions. The strain values were estimated from the displacement measurements taking 
















Fig. 3.7 (a) Calibration of the temperature measurement for the in situ tests in CC LPT 
samples, (b) secondary electron (SE) SEM micrograph showing the position of the two 
thermocouples during calibration. 
 





3.3.2  In situ microtexture characterization: Slip Trace Analysis 
The microtextures of CC, CCFC and PMFC samples were analyzed in selected areas of the 
specimens, before and after testing, by EBSD. Tensile and tensile-creep samples were prepared 
for EBSD as described previously (section 3.2). A challenge associated to EBSD examination of 
the -TiAl alloy under study is the large difference in size between individual lamellae and 
lamellar colonies, amounting to approximately three orders of magnitude. Thus, resolving 
individual lamellae required acquiring maps at high magnification, in which a limited number 
of colonies were included. In order to address this issue, orientation maps were obtained at 
several areas of the specimens´ gage length. Misorientation distribution histograms were 
analyzed for the in situ SEM studied areas before and after straining with the aim of 
investigating the evolution of the nature of the boundaries during testing.  
The activation of different slip systems was estimated from the analysis of the slip plane 
traces visible in the SEM micrographs acquired in situ during straining and the EBSD 
orientation maps of the same areas. This analysis was performed following a previously 
detailed methodology [244-246] consisting of the following steps. First, identification on the 
SEM micrographs of a individual slip plane trace in a given grain (Figure 3.8(1,2)); second, 
calculation of the 12 plane traces corresponding to all slip systems of that particular grain by 
the cross product of each slip plane and the surface normal (Figure 3.8(3)); third, selection of 
the slip systems whose traces match the one observed experimentally. Due to the geometry of 
the fct lattice each observed trace is shared by three slip systems (one OD and two SD, in red 
in Figure 3.8(4)). Thus, determination of the actual active system is not trivial. In this thesis a 














































Fig. 3.8 Slip trace analysis: 1-Slip trace identification by in situ SEM; 2-Measurement of the 
Euler angles in the studied region by EBSD; 3-Calculation of the traces corresponding to the 
12 available slip systems; 4-Selection of the possible slip systems associated to an 
experimentally observed slip trace. Note that in this example slip systems 4, 5, 6 were all 
parallel to the slip trace. The methodology proposed to choose the active slip system out of 













3.4  Experimental outline 






























Fig. 3.9 Materials and experimental methods utilized during this research work. 
 













































4. Results and discussion 
 
4.1  Microstructural development  
A wide range of microstructures were generated in order to investigate the link between 
microstructural parameters and the mechanical behavior. Two main processing routes were 
utilized, one based on centrifugal casting, the technique commonly used to fabricate turbine 
blades, and the second on powder metallurgy. Further microstructural development was 
carried out by subsequent heat treatments. In the following, the different microstructures are 
described in detail.  
 
4.1.1  Centrifugal casting route 
4.1.1.1  As-cast microstructures 
The Ti4522XD alloy was processed by centrifugal casting in the form of low pressure 
turbine blades (CC-LPT) and rectangular cast specimens (CC). In Figure 4.1, the XRD pattern 
corresponding to the CC-LPT samples, reveals the presence of the two  and 2 phases. As 
shown in Figure 4.2(a, b), this material possesses a polycrystalline nearly lamellar 
microstructure formed by a minor fraction of equiaxed grains embedded in a matrix of lamellar 
colonies. Table 4.1 reveals the composition of the  and 2 phases (dark and bright contrast in 
Figure 4.2, respectively), measured by EDS in the SEM. B-rich reinforcement particles were 
identified by their typical globular and needle shapes and they were observed to be mainly 
located inside the colonies, along or across the lamellae. The distribution of colony sizes (CS) is 
very wide, as shown in Figure 4.2(c). The average CS is 194±121 µm, with values ranging from 
52 µm to 636 µm. Figure 4.3(a, b) illustrates representative TEM images of the CC-LPT lamellar 
structure. As shown in Figure 4.3(c, d) the distributions of the lamellar spacing values 
corresponding to both phases ( and are also very wide. In particular is comprised 




within the interval 47, 1245] nm and within 85, 603] nm. The average values of the 
lamellar spacing of the and 2 phases are 319+339 nm and 287+133 nm, respectively. The 
































Fig. 4.1 XRD pattern of CC-LPT material.  
Table 4.1 Semi-quantitative composition of the 2-Ti3Al and -TiAl phases measured by EDS. 





Al (at. %) 
Dark BSE SEM contrast 
-TiAl (at. %) 
Ti  56.3 48.9 
Al  39.9 47.3 
Mn 1.4 1.3 
Nb 2.4 2.4 
 




































   
Fig. 4.2 (a, b) BSE SEM micrographs at different magnifications showing the CC-LPT nearly lamellar 
microstructure; (c) colony size distribution. 






















Figure 4.4, the XRD pattern corresponding to CC specimens, shows that their 
microstructure is also formed by the above mentioned two phases. Furthermore, as illustrated 
in Figure 4.5(a, b), they exhibit also a polycrystalline nearly lamellar microstructure with a 
small fraction of equiaxed grains. The B-rich phase is located both inside the colonies and at 
the colony boundaries and typically exhibits a lacey shape. The CC average lamellar CS is 
126±52 µm, with values ranging from 40 µm to 252 µm (Figure 4.5(c)). Figure 4.6(a, b) 
illustrates the fine nature of the lamellae and the lamellar spacing distribution of both phases. 
The average lamellar thicknesses of the and 2 lamellae are 465+270 nm and 286+288 nm, 
respectively. As shown in Figure 4.6(c, d), lamellar spacing distributions are very wide, with 
values comprised within the interval 51, 1259] nm and values within the interval 30, 





Fig. 4.3 TEM micrographs of the CC-LPT lamellae obtained by (a) bright field and (b) dark field 
imaging. In the latter, the bright areas correspond to the 2 phase; lamellar spacing distribution 
corresponding to the (c)  and (d) 2 phase. 


































Fig. 4.4 XRD pattern of CC material. 
  
Fig. 4.5 (a, b) BSE SEM micrographs at different magnifications showing the CC nearly lamellar 
microstructure; (c) colony size distributions. 
 





















4.1.1.2  Cast and heat treated microstructures 
The thermal behavior of the CC material was analyzed by differential thermal analysis 
(DTA) in order to determine the phase transformation temperatures and, thus, to design 
optimal post-processing heat treatments for the development of a wide variety of CC 
Ti4522XD alloy microstructures. Figure 4.7 shows the DTA analysis corresponding to this 
material. The following transformation temperatures were measured: Tcc-eutectoid= 1150 °C, Tcc- 
transus= 1290 °C and Tcc-melting= 1490 °C. Taking these values as a reference, the CC specimens 
were solution treated at 1300 °C during 2 hours and then cooled at different increasing rates: 
in the furnace (CCFC) at measured 10 °C/min, in air (CCAC) at measured 50 °C/min and by 
quenching in oil (CCOQ) and water (CCWQ). Still further microstructure development was 
pursued by carrying out annealing treatments in the CCWQ samples at temperatures close to 
Tcc-eutectoid, (850 °C, 950 °C and 1150 °C). The microstructures obtained following the various 
heat treatments are described below.   
 
 
Fig. 4.6 TEM micrographs of the CC lamellae obtained by (a) bright field and (b) dark field imaging. 
In the latter the bright areas correspond to the 2 phase. Lamellar spacing distribution 
corresponding to the (c)  and (d) 2 phase.  
 
















The microstructure of the CCFC specimens was, again, formed by the 2 and  phases, as 
evidenced in the XRD pattern of Figure 4.8. The BSE SEM micrographs of Figure 4.9 and Figure 
4.11 (a, b) revealed the presence of lamellar colonies and the almost complete absence of 
equiaxed grains defining a fully lamellar microstructure with well interlocked boundaries. 
Needle and globular borides were observed to be present inside the colonies. Lamellar CS 
ranged from 80 m to 463 m (Figure 4.9(c)), with an average value of 183±83 m. TEM 
analysis revealed a significant lamellae refinement following this heat treatment (Figure 4.10 
(a,b)). The average values of the lamellar widths were 210±140 nm and 160±160 nm for  and 
2 phases, respectively. As shown in Figure 4.10(c, d), the distribution is very wide, 
withvalues comprised within the interval 35, 471] nm, andvalues within 13, 578] nm, 














Fig. 4.7 DTA analysis of the CC Ti4522XD alloy.  
 
 
Fig. 4.8 XRD pattern of the CCFC material. 



































   
 
 
Fig. 4.9 (a, b) BSE SEM micrographs at different magnifications showing the CCFC fully lamellar 
microstructure; (c) colony size distribution. 
 























The main microstructural parameters of the specimens cooled in air (CCAC), as well as of 
those oil quenched (CCOQ) and water quenched (CCWQ) are compared in Table 4.2 and in 
Figure 4.11. All were characterized by fully lamellar (FL) microstructures with a considerable 
refining of CS and lamellar spacing with increasing cooling rate. CCWQ microstructures showed 
migration patterns along the lamellar colony boundaries that can be associated to retained 
microstructures at such high cooling rates. B-rich phases were observed in all the materials. 
Their morphology was found to vary with the cooling rate. A higher amount of globular and 
needle borides were present in the CCAC and CCOQ materials (Figure 4.11(d, f)), while lacey 
particles were more predominant in the CCWQ specimens (Figure 4.11(h)). The CCWQ material 
was subsequently annealed at 850 °C, 950 °C and 1150 °C during 1h and 8h in order to relieve 
internal stresses. Figure 4.12 illustrates the CCWQ microstructures obtained after the different 
annealing treatments and Table 4.2 classifies the microstructures obtained and summarizes 
the corresponding average lamellar CS values. Annealing at 850 °C during 1h and 8h (Figure 
4.12(a, b)) resulted in the retention of the fully lamellar microstructure. Lamellar colony 
 
 
Fig. 4.10 TEM micrographs of the CCFC lamellae obtained by (a) bright field and (b) dark field 
imaging. In the latter, the bright areas correspond to the 2 phase; lamellar spacing distribution 
corresponding to the (c)  and (d) 2phase. 




boundaries were better defined and migration patterns disappeared. A significant coarsening 
of the CS was obtained after annealing during 1h, while longer annealing time gave rise to CS 
values similar to those of the CCWQ samples. Therefore, CCWQ-850-8h was considered a 
representative refined and stabilized microstructure for the Ti4522XD alloy. Annealing at 
temperatures close to the eutectoid point (950 °C and 1150 °C) promoted the development of 
gamma grains along the colony boundaries (white arrows in Figure 4.12(c-f)), i.e., the 


























Table 4.2  Type of microstructure and average colony size of all the heat treated CC samples. 
 Microstructure Average colony size (m) 
CCFC FL 183 
CCAC FL 111 
CCOQ FL 101 
CCWQ FL 88 
CCWQ+850 – 1h FL 116 
CCWQ+850 – 8h FL 85 
CCWQ+950 – 1h Duplex 117 
CCWQ+950 – 8h Duplex 121 
CCWQ+1150 – 1h Duplex 96 
CCWQ+1150 – 8h Duplex 83 
 








































Fig. 4.11 BSE SEM micrographs showing the (a, b) CCFC, (c, d) CCAC (e, f) CCOQ and (g, h) CCWQ lamellar 
microstructures. White arrows point borides. 





































Fig.  4.12  BSE SEM micrographs showing the CCWQ+850 (a) 1h, (b) 8h; CCWQ+950 (c) 1h, (d) 8h; 
CCWQ+1150 (e) 1h, (f) 8h. White arrows point gamma grains along colony boundaries. 
 





4.1.2    Powder metallurgy route 
4.1.2.1 Prealloyed powder 
The XRD pattern of the Ti4522XD prealloyed powder (Figure 4.13) shows that the 
material mainly contains the -Ti3Al phase (a=2.8175   ; c=4.6100   ). The absence of the 
superlattice peak at 2=26.2 ° confirms the absence of the 2 stable phase. The estimated 
cooling rate reached during the EIGA [66] process is ~105 °C/s, a value lower than that 
considered as rapid solidification processes but higher than that typical of conventional gas 
atomization. The presence of the observed metastable phase and the absence of the  phase 
are consistent with this relatively high cooling rate. The gas atomized prealloyed powder had 
the typical spherical morphology shown in Figure 4.14. The average particle size was 51 m 
and the particle sizes measured at 10, 50 and 90% of the total powder volume were 17.3, 51.2 
and 117.8 m, respectively. Different microstructures were identified in particles with 
different sizes (Figure 4.14 (a, b)).  
BSE SEM micrographs reveal, in small particles (<50 m) (Figure 4.14(a)), the presence 
of a darker matrix internally divided by a brighter phase in boundary regions. Due to the higher 
cooling rates that small particles suffer, it could be suggested that these particles are 
composed by not stable phases. Then, the matrix areas could be associated to -metastable 
phase, while the brighter areas could be related to phases enriched by heavier  stabilizer 
elements. Larger particles (>50 m) (Figure 4.14(b)) have a microstructure composed by 
dendrites that in some areas have grown into single grains thanks to longer solidification 
periods. Areas between the nucleated grains show darker channels that might be composed by 
higher Al concentration, the lowest melting point element. Nevertheless these channels are 
mainly characterized by bright ribbons which could be associated to the borides precipitation 
in the form of lacey shapes, as the reinforcements precipitates in lower solidification rates 
conditions [87]. Occasionally, as illustrated in Figures 4.14(c, d), the microstructure inside the 
particles is heterogeneous, and brighter large grain clusters become apparent. EDX analysis 
confirmed that the brighter regions contain higher Nb concentration and lower Mn 
concentration. The different microstructures obtained might be consequence of the size 
influence on the solidification rate at a constant pre-defined cooling rate during the EIGA. 
process. Similar microstructures have been reported by Yang et al.[87].  
 
 




































Fig. 4.14 BSE SEM micrographs showing the microstructure of the prealloyed powders: (a) 30 m 
diameter particle and (b) 120 m diameter particle; (c, d) single phase grain clusters  present in 
particles of different sizes. 
 
Fig. 4.13 XRD pattern of the as-atomized prealloyed Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 powder 





The thermal behavior of the prealloyed powder and the CC alloy is compared in Figure 
4.15(a). Both DTA profiles are observed to be similar, except in the range of temperatures 
comprised between 600 °C to 750 °C, where the powders present a couple of peaks that are 
absent in the CC alloy. In order to understand the transformations occurring in the powder at 
these temperatures, high temperature XRD was performed in the powders at 600 °C, 800 °C 
and 1000 °C (Figure 4.15(b)). The XRD pattern obtained from the powder at 600 °C shows a 
decrease in the intensities of the  peaks. Increasing the temperature to 800 °C leads to a 
greater decrease of peaks combined with the appearance of the -TiAl, and 2-Ti3Al peaks, 
suggesting that the  metastable phase started to transform into 2+ at around this 
temperature. Finally, at the highest temperature (1000 °C), the transformation is completed 
and the 2 andpeaks intensities are higher and clearly recognizable. The transformations 
observed by high temperature XRD are consistent with the reported DTA profile. It seems that 
once the metastable powder is heated to temperatures above 800 °C, stable phase appears 
and rising the temperatures leads to the stabilization of 2+phases, according to the 
equilibrium phase diagram [22, 70, 93, 102]. Therefore, in order to achieve a complete 
transformation during the consolidation of the previous metastable powder, the sintering 
















Fig. 4.15 (a)  DTA analysis comparing the prealloyed powder and the CC materials showing different 
thermal behavior at 600 °C - 750 °C; (b) XRD patterns of prealloyed Ti4522XD powder at 25 °C, 600 °C, 
800 °C and 1000 °C. 




4.1.2.2  Hot isostatically pressed material  
The as-atomized prealloyed powders were HIPed at 1200 °C and 200 MPa during 4h. 
During HIPing the  metastable phase transformed into the  and 2 stable phases, as 
illustrated in the XRD pattern of Figure 4.16. The BSE SEM micrographs of Figure 4.17 reveal 
that the as-HIPped PM material developed a near gamma microstructure in which the former 
powder particles could still be distinguished. Brighter areas are visible in the former powder 
boundaries and could be associated with a higher concentration of the -Ti3Al phase. The 
near gamma microstructure was characterized by an average grain size of 4.4±2.6 m. Grain 






































Fig 4.10. XRD patterns of (a) CCAC, (b) CCOQ and (c) CCWQ material exhibiting 2 and  
   
Fig. 4.17 (a, b) BSE SEM micrographs of the as-HIPed PM material.  





4.1.2.3 Hot isostatically pressed and heat treated material 
The HIPed PM material was solution treated during two hours at 1300 °C and, 
subsequently, furnace cooled (PMFC) and water quenched (PMWQ). The PMWQ material was 
subsequently annealed at 850 °C during 8h in order to reduce internal stresses (PMWQ-850-
8h). Figure 4.18 illustrates the XRD patterns of the PMFC and PMWQ-850-8h samples, 
revealing that they were composed by the and 2 equilibrium phases. The PMFC material 
had a duplex microstructure (Figure 4.19(a, b)), formed by equiaxed gamma grains with an 
average size of 4±1 m and lamellar colonies of 98±34 m in diameter. The PMFC lamellar CS 
ranged from 45 m to 205 m. The CS distribution is shown in Figure 4.19(c). In contrast, the 
PMWQ-850-8h sample exhibited a refined fully lamellar microstructure (Figure 4.20) with an 






























































     
Fig. 4.20 (a, b) BSE SEM micrographs of the refined fully lamellar PMWQ (PMWQ-850-8h) 
microstructure.  
 
Fig. 4.19 (a, b) BSE SEM micrographs at different magnifications showing the PMFC fully lamellar 
microstructure; (c) colony size distribution. 
 





4.1.2.4  Field assisted hot pressed material  
The as-atomized prealloyed powders were also consolidated by Field Assisted Hot 
Pressing (FAHP) in the following conditions: 900 °C - 10 min (FAHP1) ; 1000 °C - 10 min 
(FAHP2); 1100 °C - 10min (FAHP3); 1250 °C - 10 min (FAHP4) and 1350 °C - 2 min (FAHP5). The 
XRD patterns corresponding to the different samples (Figure 4.21) show the presence α2 and  
phases after consolidation at all the studied sintering temperatures and times. At the highest 
processing temperatures the 2 and  peaks become more intense and better defined, 
suggesting that the-metastable phase is transformed into 2+ phases and the volume 
fraction of both phases increases with temperature. This is consistent with the high 















Figure 4.22 shows several BSE SEM micrographs illustrating the microstructure of the 
FAHP1 samples at the center (Figure 4.22(a, b)) and at the edge (Figure 4.22(c, d)) of the 
consolidated sample. Regardless to the location, a clear footprint of the former powder 
particle boundaries is present. At the center of the sample a duplex microstructure can be 
recognized (Figure 4.22(b)) as the metastable and heterogeneous microstructure present in 
the as-received powder particles starts to transform into the equilibrium phases and 
homogenize by diffusion at 900 °C. Moreover, Figure 4.22(b) shows the former single phase 
regions transformed into equilibrium lamellar colonies consisting of 2 and  phases. The 
 
Fig. 4.21 XRD patterns corresponding to the FAHP1, FAHP2, FAHP3, FAHP4 and FAHP5 materials. 
 
 




different lamellae orientations correspond to the former equiaxed grains orientation identified 
in the brighter single phase areas of the as-received powder (Figure 4.14(d)). It is well known 
that an increase of the processing temperature in these alloys entails the stabilization of the  
regions promoting the formation of lamellar microstructures [26, 29, 70]. Therefore, in FAHP1 
processing, lamellar microstructures first appear in the regions with higher concentration of  
retained single phase. However, the lamellar colonies are surrounded by a high amount of 
equiaxed grains because the processing temperature might not be high enough to go through 
the eutectoid transformation into the stable  phase field.  
In FAHP1 samples the densification is complete in the center, whereas a high 
concentration of pores is located near the edges (Figure 4.22(c)), where the temperature 
measured by the die’s thermocouple was of 900 °C (TFAHP1). This observation evidences a 
gradient of the temperature in the radial direction of the sample. It seems that the optimum 
sintering temperature is not reached in the edges since the powder densification is just 
starting and poor diffusion phenomena have taken place in these areas. However, the 
optimum densification observed in the center of the sample reveals an increase in the 
temperature respecting the measured TFAHP1. This gradient in temperature has also been 
reported and modeled by other authors for similar hot consolidation processes such as spark 
plasma sintering [69, 70]. Figure 4.22(c) shows evidences of sintering and densification by the 
formation of sintering necks between particles. In particular, a close up view of these powder 
particle boundaries situated near the edge of the sample is shown in Figure 4.22(d). The EDX 
analysis taken from points A, B and C was found to be 72-75% Al, 23-25% Ti, 1-2% Nb, 1% Mn, 
indicating that the composition of the phase formed is close to that of Al3Ti phase. In the field 
activated sintering processes the particle boundaries experience the highest temperatures due 
to the generation of sparks or due to the high resistance to the current path; and if sufficient 
time is employed mass transport takes place either by surface, grain boundary or volume 
diffusion. As the diffusion coefficient of Al in Ti and TiAl intermetallic is higher than that of Ti 
and other alloying elements [247], the elemental segregation to the particles surfaces can take 
place which leads to the formation of Al enriched areas. The presence of interdendritic regions 


























The gradient in density was not observed when the material was processed at 1000 °C 
(FAHP2). BSE SEM micrographs in Figure 4.23(a, b) show the duplex microstructure, composed 
by equiaxed grains and lamellar colonies throughout the sample radius. The average CS was 23 
m. No pores or elemental segregation were observed throughout the sample, suggesting that 
processing at and above 1000 °C allows a proper consolidation of the -TiAl alloy since the 
densification stage is well developed along the whole sample. A general view of this 
microstructure (Figure 4.23(a)) still evidences the former powder particles and a 
microstructure similar to that observed in the center of the FAHP1 sample (Figure 4.22(a)). In 
this condition, a gradient in the microstructure was not observed suggesting that when 
sintering was performed at 1000 °C the entire sample was processed in the same phase field, 
below the eutectoid transformation [26, 29, 70, 104]. Therefore, sintering at T>900 °C and 





Fig. 4.22 BSE SEM micrographs showing the microstructure of the FAHP1 consolidated sample: (a, b) 
duplex microstructure in the center of the sample; (c) evidence of incomplete sintering at the edges 


















A nearly lamellar microstructure can be recognized at the center of the sample 
processed at 1100 °C (FAHP3) (Figure 4.24(a, b)). However, a radial gradient in the 
microstructure was again observed with a transition from nearly lamellar at the center (right in 
Figure 4.24(c)) to duplex at the edge (left in Figure 4.24(c)). A good distribution of the alloying 
elements is confirmed by EDS in these transition areas. In this case, the gradient in the 
microstructure along the sample’s radial direction might be associated to the stability of the 
phases. As previously mentioned, according to this, processing at different temperatures 
promote the stability of different phases and finally several microstructures will be formed [26, 
29, 70, 104]. Therefore, during the FAHP3 processing, the real temperature of the material in 
the center of the sample might be higher and above the eutectoid point since higher volume 
fraction of lamellar colonies and no signs of former powder particles can be observed. 
However, in the edge of the sample, the sintering temperature (TFAHP3=1100 °C) is below the 











Fig. 4.23 BSE SEM micrographs showing the duplex microstructure of the FAHP2 consolidated sample. 





























After processing the intermetallic at 1250 °C (FAHP4), a nearly lamellar microstructure 
was found throughout the sample (Figures 4.25(a, b)) with a refined lamellar CS of 9 m. Since 
the processing temperature is above the eutectoid point on cooling, phases will 
precipitate from  phases following the equilibrium phase diagram and forming nearly 
lamellar microstructures [26, 29, 70, 104]. Finally, processing at 1350 °C (FAHP5), fully lamellar 
microstructures were obtained (Figures 4.25(c, d)) with a coarser lamellar CS of 27 m. This 
observation confirms that processing at temperatures above the -transus leads to 
microstructures completely composed by lamellar colonies and that increasing processing 
temperatures also leads to a growth in the CS. Nevertheless, as it has been observed in all the 
processed samples, the average lamellar CS reached, thanks to the short time at temperature 
and the fast cooling rate provided by FAHP, is significantly lower than that obtained by 
conventional casting [248]. In addition, brighter areas are found within the lamellar structure. 
These brighter areas, associated to heavier elements, might be related to a possible retained 
-phase [249]. However, not significant predominance of-phase is recognized as it is not 
identified in the corresponding XRD pattern (Figure 4.21).   
 
 









































Fig. 4.25 BSE SEM micrographs showing the microstructure of the (a, b) FAHP4 nearly lamellar 
microstructure; (c, d) FAHP5 fully lamellar microstructure. 





4.1.3 Microstructures selected for in situ mechanical testing 
The materials selected for high temperature in situ mechanical testing were CC-LPT, CC, 
CCFC, and PMFC as they possess widely varying microstructures, which are expected to result 
in marked differences in the mechanical behavior [7]. In particular, as described in the 
following chapters, the deformation and fracture mechanisms will be investigated in these 















For comparison, Table 4.4 reviews the microstructural parameters for similar alloys and 
processing techniques.  
 
.  
Table 4.3 Microstructure type, colony size and lamellar spacing values 
 for the CC-LPT, CC, CCFC and PMFC materials. 
 
 CC-LPT CC CCFC PMFC 
Microstructure NL NL FL Duplex 
Average colony size (CS) (µm) 194±121 125±53 183±83  98±34 
Colony size (CS) range (µm) 52-636]  39-252] 80-463] [45-205] 
Average grain size (µm) - - - 4.4±2.6 
Grain size range (m) - - - [0.6-11.4] 
 (nm) 319±339 465±270  210±140  - 
 range (nm) 47-1245] 51-1259] 35-471] - 
2 (nm) 287±133 286±288 160±160  - 
2 range (nm) 85-603] 30-1259] 13-578] - 
 























Table 4.4 Review of microstructural parameters for -TiAl alloys (CR: cooling rate; Ag: Aging) 
Alloy Processing Heat Treatment Type CS (m) (nm) nm)  (nm) Reference 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP - NL <100 480 173 - 248 
Ti-47Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP - NL >100 420 176 - 248 
Ti-46Al-2Cr-2Mo-0.25Si-0.3B Cast - NL 120 - - 150-250 250 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP 1010 °C,50h, AC NL 20-100 - - 400 134 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP 1350 °C, 2h, FC FL 50-100 1011 357 - 248 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP 1350 °C, 2h, AC FL 25-100 198 94 - 248 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP 1350 °C, 2h, OQ FL 10-50 62 53 - 248 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP 1350 °C, 2h,OQ+Ag FL 10-50 - - 55 134 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP 1350 °C, 0.5h,AC+Ag FL 20-100 - - 100 134 
Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 Cast+HIP T>T, FC FL 65 - - 800 254 
Ti-46Al-1.9Cr-3Nb Cast T>T, FC  FL 68±45 - - - 252 
Ti-46Al-1.9Cr-3Nb Cast T>T, CR=20 °C/min FL 145±95 - - - 252 
Ti-45.5Al-2Cr-1.5Nb-1V Cast+HIP T>T, FC  FL 390 - - 160 253 
Ti-45.5Al-2Cr-1.5Nb-1V Cast+HIP T>T, AC  FL 360 - - 95 253 
Ti-46Al-9Nb PM-HIP T>T, CR=20 °C/min FL 280-330 - - 170 250 
 





4.1.3.1  As-cast microstructures (CC-LPT and CC) 
Table 4.4 shows that other research works also obtained nearly lamellar microstructures 
for the Ti4522XD or similar alloys processed by casting and followed by HIP [28, 248, 250, 251], 
as in CC-LPT and CC materials. It is important to mention that the CC-LPT was heat treated at 
temperatures below the eutectoid point (Tannealing=1080 °C, Teutectoid=1150 °C) during 8 h 
following the HIP process. Zhu et al. [134] also annealed the same alloy under similar 
conditions and confirmed the development of a nearly lamellar microstructure. Both studies 
confirm that heat treating below the eutectoid point helps on the microstructural stabilization, 
although it does not lead to any significant microstructural change.  
As-cast materials in the form of LPT blades had a coarser average CS (194 m) than that 
observed for CC rectangular specimens (125 m). The CC-LPT CS values were very dispersed, 
ranging from 52 µm to 636 µm. In contrast, CC samples showed a narrower CS distribution, 
ranging from 39 m to 52 m. The larger CS of the CC-LPT samples could be due to the colony 
growth during the post HIP annealing. The difference in CS distribution between the CC-LPT 
and CC specimens might be attributed to the presence of more pronounced temperature 
gradients in the complex shaped blades. As Table 4.4 shows, Seo et al.[248] measured lamellar 
CS averages higher than 100 m for an as-cast Ti4522XD alloy, while Clemens et al.[250] 
obtained a value of 120 m for an as-cast Ti-46Al-2Cr-2Mo-0.25Si-0.3B alloy. Therefore, the 
CC-LPT average CS is above the reported ones, while the CC average CS is comparable.  
Novoselova et al.[252] have reported a wide dispersion of the CS values (68±45 m and 
145±95 m) for a heat treated as-cast Ti-46Al-1.9Cr-3Nb alloy. This is consistent with the wide 
dispersion observed in the present research work.  
The average lamellar spacing of the as-cast intermetallic, CC-LPT (=465 nm;  =287 
nm) and CC (=319 nm;  =287 nm), are of the order of those reported for cast Ti4522XD 
intermetallic (=480nm;  =173nm) studied by Seo et al. [248] It is also remarkably that in 
both phases the lamellar spacing distributions were very wide, with standard deviations close 
to the average values, as has been previously reported by Cao et al.[253] for fully lamellar TiAl 
alloys. 
4.1.3.2  Cast and heat treated microstructures (CCFC) 
The CCFC material of the present research, which was heat treated at 1300 °C during 2 
hours and cooled in the furnace, exhibited a fully lamellar microstructure. This is consistent 
with previous studies, which confirm that. As-cast TiAl alloys are usually heat treated above 




the -solvus to generate fully lamellar microstructures [7, 26, 134, 248, 252-254]. Seo et 
al. [248] observed in the Ti4522XD alloy that decreasing cooling rates promoted the definition 
of interlocked boundaries.  
The CCFC material has an average CS of 181 m. Average CS values for Ti4522XD alloys 
heat treated above the -solvus are reported to range from 50-100 m [134, 248]. In non-
reinforced alloys, such as Ti-45.5Al-2Cr-1.5Nb-1V, the average CS values are much higher, 
about 360-390 m [253]. Therefore, the values measured in the CCFC material confirm the role 
of borides in colonies refinement.  
The CCFC lamellae spacing values, =210 nm;  =160 nm, are finer than those 
reported by Seo et al. [248] for the same alloy that was investment cast, annealed and cooled 
in the furnace (=1011 nm;  =357 nm).  
 
4.1.3.3 HIP and heat treated microstructures (PMFC) 
Consistent with the current understanding of TiAl transformation mechanisms, the as-
HIPed PM material developed a near gamma microstructure because consolidation started 
from the  metastable powder and was carried out by HIP at 1200 °C. The near gamma 
microstructure and the considerable refinement of the microstructure developed is consistent 
with previous works on similar alloys [67, 96, 97]. Following a heat treatment at 1300 °C during 
2 hours and furnace cooling, a duplex microstructure is obtained in the PMFC material. The 
absence of a fully lamellar microstructure maybe attributed to the heterogeneous 
microstructure of the as-HIPed consolidated sample. The average CS (98 m) of the PMFC 











4.2  In situ analysis of the deformation and fracture 
mechanisms 
 
4.2.1 Fracture following constant strain rate tensile straining 
The fracture mechanisms at both room and high temperature during constant strain 
rate tests (10-3 s-1) were characterized in as centrifugally cast (CC-LPT and CC) nearly lamellar 
microstructures. The preferential sites for crack nucleation and propagation were analyzed in 
situ. The main findings of this study are summarized below. 
 
4.2.1.1 Room temperature 
Analyzing the deformation and fracture mechanisms of -TiAl alloys at room 
temperature by in situ testing proved very difficult due to the inherent brittleness of these 
materials. Nevertheless, the CC-LPT samples were tested at RT and 10-3 s-1 and the observed 
behavior is briefly reported below. Figure 4.26 confirms that the material was brittle at this 
temperature and that the sample fractured at 480 MPa without any measurable plastic strain. 
No significant changes were observed in the local microstructural patch observed during the in 
situ tests, and fracture occurred suddenly in a location outside that observed during the in situ 
imaging. This behavior is consistent with previous in situ observations of a similar FL TiAl 
intermetallic where the primary crack grew too rapidly to be observed [232]. Thus, the 
nucleation and growth of damage during RT tensile deformation was not characterized in this 
study. The post-mortem fracture observations of representative RT tensile samples showed 















































   
  
Fig. 4.26 Sequence of BSE SEM micrographs acquired in the same CC-LPT sample area during in situ 
tensile test at RT: (a) = 0MPa, (b)  =260 MPa, Δl=0.4 mm and (c)  =450 MPa, Δl=0.6mm showing no 
microstructural changes. (d) Stress-displacement curve of the CC-LPT material tested at RT under 
constant strain rate   =10-3s-1. 






















If each colony is assumed to behave as a monocrystal, such as PST materials, the 
deformation behavior would be dependent on the orientation of the lamellae with respect to 
the loading axis [43, 129, 148]. Brittle behavior is typical, along with high strength and low 
elongation-to-failure, for lamellar orientations of 0 ° or 90 ° with respect to the loading axis. 
Such conditions result in extremely low εf values due to atomic plane separation 
(perpendicular case) or translamellar fracture (parallel case).  If the lamellae are oriented at 45 
° with respect to the loading direction, the strength is lower and the material presents a higher 
elongation-to-failure. For this so-called soft mode, the deformation will take place by 
dislocation slip due to the presence of a shear component of the applied stress along the 
interlamellar boundaries and the dominant fracture mode is interlamellar. Polycrystalline 
microstructures, containing randomly oriented lamellae, are expected to exhibit a mixed 
fracture mode composed of interlamellar and translamellar cracking together with decohesion 
at the colony boundaries [7, 256].  
Lu et al. [152] used RT manual loading conditions to perform an in situ observation of a 
Ti-49Al FL polycrystalline microstructure. Their results indicated that when the lamellae within 
     
 
Fig. 4.27 (a, b) BSE SEM micrograph of the CC-LPT RT tensile deformed microstructure illustrating 
translamellar (black arrow) and interlamellar cracking (white arrows) below the fracture surface;  
(b) SE SEM micrograph of the fracture surface of a sample tested at RT illustrating brittle features 
including cleavage. 
 




a colony were oriented at a large angle (about 70 °) from the tensile axis, the main crack 
propagated through linking with interlamellar microcracks by shearing or tearing.  When the 
lamella within a colony were nearly parallel to the loading direction, the main crack 
propagated in a translamellar fashion linking with the two types of microcracks, which were 
interlamellar and translamellar. When the main cracks propagated along the colony 
boundaries, the microcracks usually formed in interlamellar or translamellar directions in 
neighboring grains, depending on the orientation of the lamellae with respect to the main 
crack. When the main crack encountered a nearly transverse colony boundary, intercolony 
fracture occurred. Their results are similar to those observed in this study as interlamellar and 
translamellar cracking were found during the in situ RT tensile experiments. 
 
4.2.1.2 High temperature 
Analyzing fracture mechanisms during elevated-temperature in situ tensile tests was 
feasible, as the sample exhibited a greater elongation-to-failure (εf) than at RT. Figure 4.28 
illustrates the microstructural evolution of the CC-LPT sample during in situ tensile testing at 
700 °C and 10-3 s-1. The maximum tensile strength  (σmax=520 MPa) was consistent with that 
reported by Mirshams et al. [257] and was greater than the RT strength, as a result of the 
higher εf and of the intermetallic’s relative insensitivity to temperature up to T=700 °C. Two 
different types of cracks were observed depending on their location. Only interlamellar cracks 
were found at the center of the sample (Figure 4.28 and Figure 4.29(a)). They were developed 
at tensile stresses above 390 MPa and, thus, interlamellar cracking seems to be activated in 
this material above a threshold stress (>0.75    ) at T=700 °C. This is an important 
observation as it suggests that the interface strength between the lamellae is greater than 390 
MPa. It is expected that this value will be dependent on the microstructure, and the current 
value may be specific of this manufactured LPT blade’s microstructure. The B-rich phase was 
also voids susceptible to cracking (Figure 4.29(b)). In addition to interlamellar cracks, cracks 
perpendicular to the tensile axis grew in the sample edges (Figure 4.29(c)). They were assisted 
by the stress concentrations at the edges and propagated through the lamella and colonies 
(Figure 4.29(d)). The fracture surfaces revealed ductile dimples and brittle cleavage (Figure 










































Fig. 4.28 Sequence of SE SEM micrographs acquired in the CC-LPT same sample area during in situ 
tensile test at 700 °C:  (a) =0 MPa, (b) =413MPa, ~0.2% and (c) =481MPa, ~0.3%. The onset 
of interlamellar cracking is evident in (c).  
 




































   
   
Fig. 4.29 SE SEM micrographs obtained during in situ tensile test at 700 °C at = 390 MPa and ~0.2%. 
(a)  Onset of interlamellar cracking in the center of the sample; (b) multiple fracture of boride-rich 
phase; (c, d) cracks perpendicular to the vertical loading axis emanating from the edge. (d) Higher 
magnification image of the area in (c) showing that the cracks propagated through the lamella and 
colonies. Note that the vertical lines in (c) and (d) were polishing artifacts present before loading. 
 
 
Fig 4.30 SE SEM micrograph of the CC-LPT fracture surface after tensile testing at 700 °C. Both 
ductile (dimples) and brittle (cleavage) features can be observed. 




 The as-centrifugally cast CC nearly lamellar microstructures exhibited a similar fracture 
behavior to that reported above for CC-LPT samples. Figure 4.31 depicts the SE SEM 
micrographs obtained at various stress levels during the constant strain rate test (10-3 s-1) of CC 
samples at 700 °C. The maximum stress borne by the material, max, was 460 MPa. Lacey 
borides were observed to crack at intermediate strains close to the yield stress (see black 
arrows in Figure 4.31(b)). Ledges at colony boundaries were detected at higher strains (dashed 
arrows in Figure 4.31(c, d)).The micrographs show that interlamellar ledges (highlighted in 
Figure 4.31 using white arrows) became more pronounced with deformation. Interlamellar 
ledges were first observed at a stress of 374 MPa (Figure 4.31(b)). Such ledges have not been 


























































   
  
 
 Fig.  4.31 Sequence of SE SEM micrographs obtained during in situ tensile test at 700 °C: (a) = 374 
MPa, ~0.8%; (b)= 459 MPa, ~1.2%; (c) = 433 MPa, ~1.4 %;  (d) = 408 MPa, ~1.6 %. White 
arrows point toward interlamellar relief, black arrows highlight reinforcement cracks and dashed 
arrows show the initiation of intercolony cracks. (e) Stress - strain curve corresponding to the tensile 
test with indications where micrographs (a-d) were taken. 




4.2.2  Fracture following constant stress (creep) deformation  
Creep tests were carried out in the CC-LPT samples at 250 MPa, which stands for 
0.48max at 700 °C. The creep behavior presented the three typical stages (Figure 4.32). 
However, the length of the secondary creep regime was not well defined as the creep rates 
increased slightly and continued to increase throughout the remainder of the experiment 
shortly after achieving the minimum creep rate. Low-magnification SEM micrographs obtained 
during each one of the three stages of creep are shown in Figure 4.33. Unlike the high 
temperature tensile tests at constant strain rate (section 4.2.1.2), colony boundaries were the 
primary sites for crack nucleation and propagation. During the secondary creep regime and 
continuing into the tertiary creep regime, surface relief was increasingly evident suggesting 
that the colony boundaries were deforming through boundary sliding leading to intercolony 
cracking. Cracking initiated at colony boundaries in the center of the gage section and 
propagated along the colony boundaries (Figure 4.34). Edge cracks were also observed during 
the experiment, and such cracks also propagated along colony boundaries (Figure 4.35). 
Ductile dimples were dominant in the fracture surface, although zones broken by cleavage 



















Fig. 4.32 CC-LPT strain versus time creep curve at 250 MPa and 700 °C 




































   
   
 
Fig. 4.33 Sequence of low magnification SE SEM micrographs obtained during the creep 
experiment. (a) 0 hours; (b) secondary creep stage, 18.8 hours,~0.3%;  (c) tertiary creep stage, 
23.8 hours,~0.6%;  (d) tertiary creep stage just prior to fracture, 25.9 hours, ~1.0%; (e) after 
fracture.   








































Fig. 4.34 Sequence of SE SEM micrographs illustrating the nucleation and growth of the primary crack 
which led to fracture in the creep test. (a) secondary creep stage, 7.63 hours,~ 0.2%;  (b) secondary 
creep stage, 22.1 hours,~0.3%;  (c) secondary creep stage, 22.4 hours ~0.4%; (d) tertiary creep stage 
22.8 hours~0.5%; (e) tertiary creep stage, 23.1 hours ~0.6%; (f) tertiary creep stage, 23.4 hours 
~0.6%; (g) tertiary creep stage just prior to fracture, 25.9 hours, ~1.0%. Note that the crack initiated 
and grew along colony boundaries.   
 








































Fig. 4.35 Sequence of SE SEM micrographs illustrating the nucleation and growth of a secondary 
edge crack during creep. (a) secondary creep stage, 5.9 hours, ~0.2%; (b) secondary creep stage, 
6.6 hours,~ 0.4%; (c) secondary creep stage, 22.4 hours~0.4%; (d) tertiary creep stage,  
 22.7 hours~0.5%;. Note that the crack tended to propagate along a colony boundary.   
 
 
Fig. 4.36 SE SEM micrograph of the fracture surface after the creep test. Ductile dimples are 
dominant although brittle cleavage features are also present. 




During the tensile creep experiments, no or limited interlamellar cracking was observed. 
This is consistent with the fact that the creep applied stress, =250 MPa, was significantly 
lower than 390 MPa, the stress at which interlamellar cracks were observed in these materials 
(section 4.2.1.2). Thus, interlamellar cracking appears to be the dominant cracking mechanism 
when the stresses are high (>0.75max) (374 MPa and 390 MPa in CC-LPT and CC materials, 
respectively) while interlamellar cracking is inhibited during diffusion-assisted deformation at 
elevated temperature under relative low stresses (<0.50max). Under these latter conditions, 
intercolony cracking controls the onset of damage as the diffusion rates across the colony 
boundaries are expected to assist the deformation at such locations. This can lead to local 
deformation at colony boundaries and thus explain the enhanced colony boundary 
deformation in the form of relief and sliding. It has been proposed that sliding occurs by the 
glide and climb of dislocations in grain boundary zones [258]. The stress concentration caused 
by grain-boundary dislocation pileup can be relieved by activating grain-boundary dislocation 
sources or by nucleating and propagating an intergranular crack. Thus, cracking can serve as an 
accommodation mechanism for grain boundary sliding. The in situ observations were useful in 
confirming both the crack propagation along the colony boundaries as well as the minimum 
stress level necessary to initiate interlamellar cracking.    
In order to investigate further the effect of the applied stress on the incidence of colony 
boundary cracking, the CC samples were tested at constant stresses ranging from 300 MPa 
(0.65σmax) to 450 MPa (0.98σmax). The microstructural evolution during the creep tests at 300 
MPa (0.65σmax) and 400 MPa (0.86σmax) was similar. The secondary creep stage strain rates 
at these conditions were approximately 5·10-8 s-1 and 5·10-7 s-1, respectively. Figure 4.37 shows 
several SEM micrographs taken at various strain levels of the tensile-creep test performed at 
300 MPa. During the secondary-creep regime, surface relief at the colony boundaries was 
increasingly evident, suggesting the presence of colony boundary sliding. Crack nucleation and 
propagation at the colony boundaries was observed during the secondary regime (Figure 
4.38(a)) (at strains of above 0.5%) and continued into the tertiary creep regime (Fig. 4.37(b-d) 
and 4.38(b)). Lacey borides were susceptible to brittle fracture at even lower strains (Figure 
4.38). The primary crack path followed colony boundaries, as shown in Figure 4.37 (c-e). For a 
specimen tested at 400 MPa, crack nucleation at the colony boundary was first detected at a 
strain of 0.6 %, and B-rich phase particles were observed to crack (Figure 4.39) after 0.2% 
strain. No interlamellar ledge formation was observed. 
 
 




































   
 




Fig. 4.37 Sequence of low-magnification SE SEM micrographs from a tensile-creep test performed at 
300 MPa: (a) Secondary creep stage, 46 hours,~0.5%;  (b) tertiary creep stage, 72 hours,~1.2%;  (c) 
tertiary creep stage, 75 hours,~1.4%;  (d) tertiary creep stage just prior to fracture, 76 hours,~1.5%;  
(e) after fracture, 76 hours,~1.6 %.  (f) Corresponding strain versus time curve indicating the strain at 
which the (a-d) SEM images were taken. 
 
 





































Fig. 4.38 SE SEM micrographs obtained during a tensile-creep test performed at 300 MPa: (a) 
secondary stage, 50h and ~0.5 %; (b) tertiary stage, 76h and ~1.5 %. (White arrow points B-rich 





Fig. 4.39 SE SEM micrographs showing the evolution of B-rich phase cracks with increasing time 
for a tensile-creep test performed at 400 MPa: (a) initial microstructure; (b) secondary stage, 1 h 
and ~0.2 %, (c) tertiary stage, 4 h and ~0.6 %.  
 




The deformation and fracture mechanisms at 425 MPa (0.92σmax) and 450 MPa 
(0.98max) were different from those observed at lower stresses. In these two cases, the strain 
rate of the secondary creep stage increased until 9·10-7 s-1 and 2·10-6 s-1, respectively. 
Representative SEM images corresponding to the test performed at 425 MPa are shown in 
Figure 4.40. The most remarkable observation is that interlamellar ledges become apparent 
from the beginning of the secondary stage (Figure 4.40(a)). In particular, interlamellar ledges 
were first detected at a strain of 0.3 % and 0.1 % at 425 MPa and 450 MPa, respectively. They 
are shown in Figure 4.41 in the tensile-creep test at 450 MPa. This is similar to what was 
observed during the constant strain rate tensile tests (section 4.2.1.2). For these higher stress 
tensile-creep tests, colony boundary cracking was limited to the tertiary stage (Figure 4.40(b)). 

























Fig.  4.40 SE SEM micrographs corresponding to a test at 425 MPa illustrating interlamellar ledges: (a) 
secondary creep stage, 0.2 hours,~0.3%; (b) tertiary creep stage, 2 hours,~1.0 %. A colony 
boundary crack was evident near the middle of the image in (b). (c) Corresponding strain versus time 
curve indicating the strain at which the (a) and (b) SEM images were taken. 















In order to further understand the incidence of different crack propagation mechanisms 
in the catastrophic failure of these materials, the secondary cracks and the primary crack of 
the samples tested at 300 MPa and 450 MPa were analyzed post-mortem. The classification of 
the different secondary cracks (Figure 4.42(a)), along a 600 m long section in the center of 
the sample, confirmed that the main fracture mechanism was intercolony cracking for all the 
tests conditions. This mechanism was more prevalent at the lowest stresses. Some 
interlamellar cracks were also detected but this mechanism was of less importance. 
Translamellar secondary cracks were rarely observed. The nature of crack propagation along 
the primary crack path was characterized across approximately 40 colonies and the results are 
plotted in Figure 4.42(b). They show that colony boundary and translamellar cracking were the 
main fracture mechanisms along the main crack. The former was particularly dominant in the 












Fig. 4.41  (a) SE SEM micrograph corresponding to a test at 450 MPa illustrating interlamellar ledges 
during the secondary creep stage, 0.3 hours, ~0.1%. (b) Corresponding strain versus time curve 
indicating the strain at which the (a) SEM image was taken. 
 
Fig. 4.42 Nature of the crack propagation paths in specimens deformed under tensile-creep at 
constant stresses of 300 MPa and 450 MPa: (a) Secondary cracks, (b) primary crack. 
 




Understanding the high-temperature deformation and crack propagation mechanisms of 
lamellar -TiAl alloys is challenging for several reasons. First, attempts to rationalize the creep 
data in terms of conventional methods, such as the Dorn approach, are quite controversial [7, 
128] as only a short secondary creep stage exists. Nevertheless, several studies have utilized 
this methodology [130-133, 143, 259-263] in an effort to determine the dominant deformation 
mechanisms. The large range of stress exponents and activation energies obtained points 
toward the simultaneous contribution of several deformation mechanisms, but the nature and 
incidence of each of them is unknown. Second, the wide array of microstructures and 
compositions available make it very difficult to devise general creep models for these alloys. 
The influence of microstructural parameters such as the colony size, the lamella size, the 
nature of the colony boundaries or the presence of second-phase particles is still unclear. 
Most of the creep studies are performed under temperatures and stresses similar to 
those prevalent under service conditions, i.e., at temperatures ranging from 700-850 °C and 
within the stress range 80-500 MPa. These conditions are within the range utilized in the 
present study. It is generally believed that dislocation slip and mechanical twinning are active 
during the secondary creep stage of -TiAl alloys [7]. In particular, dislocation climb would be 
the rate controlling process at stresses below a certain threshold, depending on the colony size 
[133], and dislocation glide at higher stresses. Interface sliding has also been inferred from ex 
situ studies [145, 263, 264]. In particular, CBS was reported to occur in a 45XD alloy [134], with 
a colony size below 100 m, subjected to tensile-creep test at 760 °C up to stresses of 200 
MPa. The results shown in the current research work confirm the importance of CBS during the 
secondary creep stage of the Ti-45Al-2Mn-2Nb-0.8vol.%TiB2. Furthermore, this mechanism 
appears to be active at relatively high stresses, up to about 400 MPa, even when the colony 
size (126 m) is larger than the critical size proposed above (100 m). This suggests that 
special care must be taken in reinforcing the CBS resistance if the creep resistance of -TiAl 
alloys under service conditions is to be improved. At stresses greater than 400 MPa, 
interlamellar ledges were observed during the early stages of the secondary creep regime. 
These were probably caused by the need to accommodate strain incompatibilities resulting 
from dislocation sliding between adjacent lamellae. CBS was limited to the tertiary stage. 
These observations are consistent with the prevalence of dislocation slip during the secondary 
stage at these very high creep stresses or, equivalently, during high constant strain rate tests 
at the quasi-static rates investigated. 
Some authors have reported the occurrence of instabilities during creep of -TiAl alloys. 
For example, Wang et al. [264] reported that, together with dislocation activity and some 




twinning, thinning and dissolution of 2 lamellae and coarsening of -lamellae took place 
during creep of a fully lamellar Ti–47Al+2Cr+2Nb and Ti–47Al+2Cr+1Nb+1Ta at high stresses 
(e.g. > 200 MPa at 700 °C and > 400 MPa at 650 °C). Our in situ observations did not reveal any 
instabilities, even at 700 °C during the highest creep stresses investigated (450 MPa). A 
possible explanation for this discrepancy might be the presence of the significantly wider 2 
lamellae in the Ti-45Al-2Nb-2Mn-0.8vol.%TiB2 alloy in the current study compared to that 
investigated by Wang et al. (2: 20-76 nm; :50-500 nm). In summary, the dissolution of 2 
lamellae, reported previously [264], was not observed. This suggests that there might be a 
critical 2 spacing above which this type of instability is prevented. 
Tertiary creep of -TiAl alloys has been attributed to the degradation of the fully lamellar 
structure due to phase transformations and dynamic recrystallization, to the formation of 
shear bands, to grain boundary sliding and to the formation of voids [7]. Other authors have 
also attributed the initiation of tertiary creep to strain incompatibilities between lamellar 
grains with soft and hard orientations leading to particularly elevated local stresses and, thus, 
to the formation of intergranular or interlamellar cracks [143]. Our in situ observations reveal 
that cracks formed preferentially at colony boundaries during the early stages of deformation 
in low-stress tensile-creep and during the later stages of deformation in high-stress tensile-
creep. 
 
4.2.3 Role of lamellae interfaces during high temperature 
constant strain rate straining 
 
The mechanical response of the CC and the CCFC alloys tested in situ at 580 °C and 700 
°C and at a strain rate of 10-3 s-1 and, in particular, the values of the maximum flow stresses 
and the elongations to failure obtained, are summarized in Table 4.5. Maximum flow stresses 







Table 4.5 Maximum flow stress and the elongation-to-failure of tensile tested CC and CCFC material 
at 580 °C and 700 °C. 
 
Sample max (MPa) εmax (%) 
CC - 580 °C 458 1.3 
CC - 700 °C 500 1.6 
CCFC - 580 °C 437 1.8 
CCFC - 700 °C 498 1.9 
 




Figure 4.43 depicts representative EBSD inverse pole figure maps in the normal direction 
(ND) corresponding to selected areas of the CC samples before and after testing at a strain rate 
of 10-3 s-1 at 580 °C (Figures 4.43(a, b)) and 700 °C (Figures 4.43(d, e)). The SEM micrographs 
corresponding to the same areas in the post-test state (εmax=1.3% at 580 °C and εmax=1.6 % at 
700 °C) are also added as they provide a complementary visualization of the changes in the 
specimens’ surfaces (Figures 4.43(c, f)). Finally, Figures 4.43 (g, h) show the misorientation 
distribution histograms corresponding to the same areas before and after testing at both 
temperatures. Comparison of Figures 4.43 (a) and (b) reveals that changes in the orientation of 
some grains took place during the 580 °C deformation suggesting the occurrence of lattice 
rotations by crystallographic slip. Such grains have been highlighted using a rectangle in the 
map. Significant changes in the misorientation distribution histogram took place upon straining 
(Figure 4.43(g)). The pre-test histogram is formed mainly by three sharp peaks located at 
misorientation angles () of 60 °, 70 °, and 90 °, which correspond to boundaries between the 
three main  variants, namely, pseudotwins (60 ° around <111>), order variants (120 ° around 
<111>) and true twins (180 ° around <111>) [7, 27, 28]. This histogram reveals that in the 
area of the microstructure tested at 580 °C that was mapped by EBSD before testing (Figure 
4.43(a)), true twin interfaces were the most abundant, followed by order variants and 
pseudotwins (Figure 4.43(g)). This is consistent with previous investigations, which revealed 
that true twin  boundaries occur more frequently due, at least partly, to their lower 
interfacial energy [7, 27, 39 47]. After testing at 580 °C, the fraction of true twin boundaries 
decreased significantly.  The fraction of pseudotwins and order variants decreased only slightly 
and the frequency of interfaces with all the other misorientation angles increased (Figure 
4.43(g)). The dramatic decrease of the frequency of true twin boundaries upon deformation 
suggests a high incidence of crystallographic slip at true twin-related lamellae, leading to large 
lattice rotations on both sides of the boundary and, thus, to significant changes in the 
boundary misorientation angle. This is consistent with a lower resistance to slip transfer across 
true twin  interfaces. Although the barrier strength of the different  lamellae boundaries 
has not been measured previously, it has been speculated that true twin interfaces should be 
the softest because slip transfer could be accomplished by conjugate slip systems, which are in 
mirror symmetry [265].  
In a representative area of the CC samples tested at 700 °C that was mapped by EBSD 
before and after testing (Figures 4.43(d, e)), however, no major variations in the orientation of 
the grains were detected. After deformation (ε=1.6 %) the corresponding misorientation 
distribution histogram (Figure 4.43(h)) reveals that, in this region, the fraction of true twin 




boundaries was relatively low and, moreover, similar to that of order variants. In agreement 
with the above observations, no significant changes took place in the boundary misorientation 
histogram. This data suggests that slip does not take place homogeneously throughout the 
microstructure. Regardless the temperature, the incidence of crystallographic slip has been 
experimentally observed to be related to the fraction of true twin boundaries. SEM 
examinations (Figure 4.43(f)) revealed, additionally, the appearance of interlamellar ledges 
(white arrows) and incipient colony boundary relief (red arrows), that were identified in situ at 
strains of 1.1 % and 1.4 %, respectively. These SEM observations are consistent with a 
moderate enhancement of diffusion-based mechanisms at higher temperatures. 
Figure 4.44 depicts the EBSD inverse pole figure maps in the ND corresponding to 
selected and representative areas of the CCFC samples before and after testing at a strain rate 
of 10-3 s-1 at 580 °C (Figs. 4.44(a, b)) and 700 °C (Figures 4.44(d, e)). The SEM micrographs of 
the same areas in the post-test state (εmax=1.8% at 580 °C and εmax=1.9 % at 700 °C) are also 
added as they provide a complementary visualization of changes in the deformed surface 
(Figure 4.44(c, f)). Finally, Figures 4.44(g, h) show the misorientation distribution histograms 
corresponding to the same areas before and after testing at both temperatures. Changes in 
the orientation of some grains (highlighted using rectangles) are clearly visible at both 
temperatures, suggesting the occurrence of crystallographic slip. The inverse pole figures 
showing the orientation on the tensile axis both before and after the tensile test at 580 °C 
confirmed the occurrence of lattice rotations. In particular,       directions tended to align 
with the loading axis. The misorientation distribution histograms (Figures 4.44(g, h)) revealed a 
predominance of true twin boundaries in the two areas examined. They also revealed a 
pronounced decrease in the frequency of such boundaries upon straining, giving rise to a 
higher background level. These observations are consistent with a prevalence of 
crystallographic slip at both temperatures and with enhanced slip transfer across true twin 
interfaces. The SEM micrographs (Figures 4.44(c, f)) reveal the appearance of interlamellar 
ledges (white arrows) at 580 °C and 700 °C. Interlamellar ledges first appeared at strains of 1.7 
% and 1.5 % in the 580 °C and 700 °C tensile-tested samples, respectively. Moreover, at 700 °C 
colony boundary relief (red arrow) is also detected at a strain of 1.9 % (Figure 4.44(f)). This 
phenomenon is consistent with a higher contribution from diffusion-based mechanisms to the 









































Fig. 4.43 EBSD inverse pole figure maps in the ND and BSE SEM micrographs corresponding to 
selected areas of the CC microstructure: (a) before and (b, c) after the tensile test at 580 °C, max= 
458 MPa, max= 1.3 %; (d) before and (e, f) after the tensile test at 700 °C,max= 500 MPa, max= 
1.6 %. (g,h) Comparison of the misorientation distribution histograms in those same areas before 
and after the tensile tests at 580 °C (g) and at 700 °C (h). 
 





































Fig. 4.44 EBSD inverse pole figure maps in the ND and BSE SEM micrographs corresponding to selected 
areas of the CCFC microstructure: (a) before and (b, c) after the tensile test at 580 °C, max= 437 MPa, max= 
1.8 %, including the corresponding inverse pole figures showing the orientation of the tensile axis; (d) 
before and (e, f) after the tensile test at 700 °C,max= 498 MPa, max= 1.9 %. (g,h) Comparison of the 
misorientation distribution histograms in those same areas before and after the tensile tests at 580 °C (g) 
and at 700 °C (h). 




As explained above in section 4.2.1.1, monocrystalline -TiAl lamellar structures exhibit 
high plastic anisotropy as their yield stress and elongation-to-fracture strongly depend on the 
lamellar orientation with respect to the loading axis (). Many authors have worked on this 
issue through the study of PST crystals [113-115]. When lamellae are perpendicular to the 
loading axis, shear is mostly transverse to different lamellae and dislocation pile ups occur at 
the lamellae interfaces (hard deformation mode). When  is comprised between 30 ° and 60 ° 
shear occurs parallel to the lamellae interfaces and pile ups form preferentially at the domain 
boundaries (soft deformation mode). Due to the inherent complexity of polycrystalline -TiAl 
microstructures, it has proven difficult to relate the yield strength and a specific length scale 
(or a combination of them) using a Hall-Petch type law. A number of studies have attempted to 
carry out this task and a wealth of Hall-Petch constants (Ky) have been obtained [7]. Similarly, 
selection of the most critical length scale out of the many available (colony size, grain size, 
lamellar spacing, domain size) has proven challenging, as devising processing routes that allow 
controlling one microstructural feature while leaving all the others constant is difficult. Overall, 
it has become clear that different types of interfaces have to be taken into account to describe 
the strengthening of two phase -TiAl alloys, and the lamellar spacing seems to be the most 
influential of all [41]. 
Our results show that the frequency of true twin lamella interfaces decreases 
dramatically with straining in both the CC and CCFC microstructures tested in tension at 
constant strain rate (10-3 s-1) and at temperatures ranging from 580 °C to 700 °C, while those of 
other  interfaces remain basically constant, proving the relatively higher weakness of the 
former. Thus, at least in the alloy investigated, this study suggests that the relevant length 
scale might be strongly influenced by the distance between non-true twin boundaries and, 
thus, could be larger than the width of individual lamellae.  
 
4.2.4  Analysis of slip activity during creep deformation of 
lamellar and duplex microstructures 
 
The total strain versus time creep curves corresponding to the CCFC and PMFC 
microstructures deformed at 700 °C and 0.65max (cr(CCFC)=325 MPa, cr(PMFC)=300 MPa)  
are plotted in Figure 4.45. Measured secondary creep strain rates were of 5·10-7 s-1 and 2·10-6 
s-1,
 respectively. The lamellar alloy (CCFC) was more creep resistant than that with a duplex 
microstructure (PMFC). In particular, the secondary strain rate was higher and the creep life 
was shorter for the latter. 


















Figure 4.46 illustrates a sequence of SEM micrographs showing the microstructural 
evolution of an area in the PMFC sample with increasing creep strain. After a deformation of 
0.3 %, some relief was apparent both at the colony boundaries (CS=98 m) as well as at the 
boundaries of the equiaxed  grains (GS=4 m). With increasing strain, cracking of the 
boundaries became apparent. These observations suggest the operation of boundary sliding 
during deformation. This is consistent with previous reports [266, 267]. Due to the relatively 
small size of the grains, a large surface area of grain boundaries was present. Boundary 
cracking initiated at strains as small as 1%. This phenomenon was also visible in the higher-
magnification micrographs of Figure 4.47 which reveal, additionally, crystallographic slip 











Fig. 4.45 Creep curves corresponding to the CCFC and the PMFC microstructures deformed in 











































   
    
   





































Fig. 4.46 Sequence of SE SEM micrographs showing the evolution of the PMFC microstructure 
during creep straining at 700 °C: (a) 0 h; (b) secondary creep stage, 0.3 h, ~0.1 %; (c) 
secondary creep stage, 1.0 h, ~1.0 %; (d) secondary creep stage, 7.0 h, ~5.0 %; (e) tertiary 
creep stage, 8.3 h, ~6.2 %; (f) after fracture, 9.7 h, max~9.4  %; (g) Corresponding total strain 






































































The microstructural evolution of the CCFC sample (CS=181 m) during creep under the 
same conditions is illustrated in Figure 4.48. Although colony boundary relief leading to colony 
boundary cracking was also present during deformation, its incidence was significantly lower 
than in the PMFC sample. In particular, these two phenomena were only noticeable after 
strains of 1 % and 1.8 %, respectively. These strains, and especially the strain associated to the 
initiation of boundary cracking, were higher than those observed in the PMFC alloy. These 
differences are consistent with an enhanced resistance to boundary sliding in the CCFC sample 
associated to the larger colony size. Indications of crystallographic slip activity (Figure 4.48(e)) 








Fig. 4.47 Sequence of SE SEM micrographs at higher magnifications showing the evolution of the 
PMFC microstructure during creep straining at 700°C: (a) secondary creep stage,  0.8 h,~0.7 %; 
(b) secondary creep stage, 1.3 h,~1.1 %;  (c) secondary creep stage, 2.7 h,~2.0 %; (d) 
secondary creep stage, 5.8  h, ~4.2 %; (e) secondary creep stage, 7.3 h, ~4.6 %; (f) tertiary 
creep stage, 8.6 h, ~6.8 %; (g) Corresponding total strain versus time curve indicating the 
strains at which the (a)-(f) SEM images were taken. 
 







































Fig. 4.48 Sequence of SE SEM micrographs showing the evolution of the CCFC microstructure during 
creep straining at 700 °C: (a) 0 h; (b) secondary creep stage, 0.5 h,???0.3 %; (c) secondary creep stage, 
7.0 h,???1.8 %; (d) after fracture, 18.1 h, ?max? 7.0 %; (e) higher magnification SE SEM micrograph from 
the area pointed with the arrow in (d); (f) Corresponding total strain versus time curve indicating the 
strains at which the(b)-(e) SEM images were taken. 




4.2.4.1  Methodology to estimate ordinary and 
superdislocation activity 
 
Estimating the activity of ordinary and superdislocations in -TiAl from the analysis of 
the surface slip plane traces observed by SEM is not trivial because each {111} slip plane is 
shared by one ordinary system and two superdislocation systems (Table 1.2) and, furthermore, 
the CRSS values corresponding to both types of dislocations for the alloy under study are not 
known. In order to investigate further dislocation activity we have carried out the following 
trace analysis.  
First, we identified 100 slip traces in the creep-tested PMFC material (75 in equiaxed 
grains and 25 in the lamellae regions) and 29 slip traces (16 in equiaxed grains and 13 in the 
lamellae regions) in the creep-tested CCFC material. Detecting slip traces in the CCFC material 
proved more challenging due to the finer size of the lamellae as well as to the lower strains 
attained. Then, we divided the measured traces in three groups. The first one corresponds to 
traces for which the Schmid factor of the associated ordinary system is higher than the Schmid 
factor of all other ordinary systems and at least one of the Schmid factors of the two 
associated superdislocation systems is higher than the Schmid factor of all other 
superdislocation systems. This group (Group 1) corresponds undoubtedly to dislocation events 
obeying the Schmid law with respect to the applied stress. A second group (Group 2) is formed 
by traces for which the opposite is true, i.e., the Schmid factors associated to those traces 
corresponding to the ordinary and superdislocation systems are both smaller than the Schmid 
factors of other available systems. These traces correspond to dislocation activity that does 
not obey the Schmid law with respect to the applied stress, i.e., such dislocations are activated 
as a consequence of the presence of local stresses. Finally, a third group (Group 3) is formed by 
traces for which there is uncertainty as to whether the Schmid law with respect to the applied 
stress is obeyed, as the Schmid factor of either the ordinary or the superdislocation systems 
associated to such traces are smaller than the factors corresponding to other systems of 
similar type.  
The fraction of traces corresponding to each group for the CCFC and PMFC materials is 
summarized in Table 4.6. Similar proportions are observed for the two microstructures 
analyzed.  In both materials, Group 1 is formed by 13 to 17 % of the traces, Group 2 is formed 














In the following we propose a methodology to evaluate the activity of ordinary and 
superdislocations associated to Group 1 traces. A trace will be assigned to an ordinary 
dislocation when the resolved shear stress on the ordinary system (RSSo) is higher than the 
CRSS of that system (CRSSo) and, simultaneously, the resolved shear stress on the 
superdislocation system (RSSs) with the highest Schmid factor out of the two systems sharing 
the same slip plane is lower than the CRSS of that system (CRSSs), i.e.: 
 
RSSo (MPa) =·SFo > CRSSo=R·CRSSs   (4.1) 
RSSs (MPa) = ·SFs < CRSSs    (4.2) 
 
where SFo is the Schmid factor of the ordinary system with respect to the applied stress 
((PMFC)= 300 MPa; (CCFC)= 325 MPa), SFs is the Schmid factor of the superdislocation 
system, and R is the ratio between the critical resolved shear stress of ordinary and 
superdislocations (R= CRSSo/ CRSSs). Conversely, a trace will be assigned to a superdislocation 
when inequalities 4.3 and 4.4 are true simultaneously: 
 
RSSo (MPa)=·SFo < CRSSo=R·CRSSs   (4.3) 
RSSs (MPa)=·SFs > CRSSs    (4.4) 
 
It is implicit in this analysis that each observed plane trace corresponds to a single slip 
system. The two above systems of inequalities are solved graphically for a given trace ti in 
Figure 4.49, which represents the variation of CRSSs with respect to R for that particular trace. 
The area shaded with squares corresponds to (CRSSs, R) pairs for which the analyzed trace is 
assigned to ordinary dislocation slip, whereas the area filled with dots corresponds to (CRSSs, 
R) pairs for which the trace is assigned to superdislocation activity. Rci (=SFoi/SFsi) is a critical R 
value that denotes the transition between ordinary and superdislocation slip, i.e., when R< Rc, 
ti is assigned to ordinary dislocations and, conversely, when R> Rc, ti is assigned to 
superdislocation slip.  
Table 4.6 Fraction of traces corresponding to each group in CCFC and PMFC materials. 
 
 CCFC PMFC 
Group 1 17 % 13 % 
Group 2 31 % 38 % 
Group 3 52 % 49 % 
 




The analysis described above was applied to Group 1 traces belonging to the gamma 
grains of the PMFC material, as the higher number of available traces allowed a better statistic 
study. The relative activity of ordinary and superdislocations is presented in Figure 4.50 for 
different R values. The figure reveals that superdislocation activity increases (and, in turn, 
ordinary slip activity decreases) linearly with respect to R with a slope equal to 0.14 %. Also, 
the activity of ordinary dislocations becomes negligible for R values higher than 1.5 and the 
activity of superdislocations is zero for R values lower than 1. The true R value corresponding 
to the Ti4522XD alloy under study is not known, as the critical resolved shear stresses of the 
different slip systems have never been measured for this alloy. In fact, a wide dispersion of 
CRSS values has been reported for single crystalline -TiAl alloys, as reflected in Table 4.7. In 
general, it is believed that the activity of superdislocations increases with increasing Al content 
and that it is dependent on orientation, although these aspects are still controversial [117, 
268]. Also, an anomalous temperature dependence of the CRSS of ordinary and 
superdislocations has been reported [123-126, 268]. Both parameters exhibit a peak at 
temperatures between 700 °C and 1000 °C. Despite the little data available, Table 4.7. suggests 
that, in general, alloys with high Al content (54-58 at.%) exhibit very high R values (1.5-1.9) at 
temperatures ranging from 25 °C to 700 °C. When the Al content decreases to 50 at.%, the R 
values measured are significantly lower (0.8). Although the R value for our Ti4522XD alloy is 
not known at any temperature, the low Al content would be consistent with values that are 















Fig. 4.49 Schematic drawing showing the variation of CRSSs with respect to R for a given trace ti. The 
shaded areas correspond to (CRSSs,R) pairs for which ordinary (OD) and superdislocations (SD) are 
active. Rci is a critical R value which marks the transition from ordinary to superdislocation slip. 
 


















For a given R (for example, R1 in Fig. 4.49) there is an interval of CRSSs values [CRSSs´-
CRSSs´´]i for which trace ti could be assigned to superdislocation slip. If CRSSs was unique for a 
given composition and microstructure, all [CRSSs´-CRSSs´´]i should intersect exactly at that 
CRSSs value. If several CRSSs values existed, which could be associated, for example, to 
different orientations, several clusters of [CRSSs´-CRSSs´´]i intervals intersecting at different 
CRSSs values would exist. It has been analyzed the intersections among the [CRSSs´-CRSSs´´]i 
intervals corresponding to all the Group 1 traces detected in the grains of the PMFC sample for 
R values of 0.7, 1, and 1.5. In all three cases, almost all [CRSSs´-CRSSs´´]i intervals intersected at 
one single CRSSs range, which was then taken as the best estimation of the CRSSs for the 
material under study. In particular, when R=0.7, CRSSs=(126-177) MPa for 100% of the traces; 
when R=1, CRSSs=(123-131) MPa for 91% of the traces; when R=1.5, CRSSs=(97-98) MPa for 
100% of the traces. The corresponding CRSSo values were, respectively, (88-124) MPa for 









Fig. 4.50 Relative activity of OD and SD for different R values in the gamma grains of the duplex 
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Table 4.7 Reported CRSS values for -TiAl single crystal alloys. 
 
Composition (at.%),  






Ti-56Al, [   ] 700 160   268] 
Ti-56Al, [   ] 700  180 0.9 268] 
Ti-56Al, [   ] 700  100 1.6 268] 
Ti-56Al, [    ] 700  90 1.8 268] 
Ti-55.5Al, [   ]  600-700  170  123] 
Ti-55.5Al, [   ] 600-700  120  123] 
Ti-55.5Al, [    ] 600-700  90  123] 
Ti-56Al, [   ] 600-700  160  126] 
Ti-56Al, [   ] 600-700  130  126] 
Ti-56Al, [    ] 600-700  120  126] 
Ti-56Al, [       ] 900 110   126] 
Ti-56Al, [      ] 900 120   126] 
Ti-56Al, [       ] 900 130   126] 
Ti-56Al, [      ] 900  150  126] 
Ti-56Al, [       ] 900  185  126] 
Ti-58Al, [   ] 25 175   268] 
Ti-58Al, [    ] 25  90 1.9 268] 
Ti-56Al, [   ] 25 165   268] 
Ti-56Al, [    ] 25  85 1.9 268] 
Ti-54Al, [   ] 25 140   268] 
Ti-54Al, [    ] 25  75 1.9 268] 
Ti-50Al, [   ] 25 45   268] 
Ti-50Al, [    ] 25  60 0.8 268] 
 




4.2.4.2 “Non-Schmid” slip activity 
Table 4.6. reveals that, in the two microstructures analyzed, a large amount of the slip 
traces analyzed corresponds to slip activity that does not comply with the Schmid law with 
respect to the applied stress. In particular, a minimum of 30 to 40% of the traces belongs to 
Group 2. Furthermore, Table 4.8. illustrates the fraction of Group 2 traces detected in the 
grains and the lamellae of the PMFC sample, evidencing that such events are frequent in both 
cases and suggesting that this type of slip activity should be taken into account in models 
aiming to provide a realistic description of the plasticity of these materials. Figure 4.51 shows 
that a 50 to 60% of Group 2 slip traces, in both the equiaxed grains and the lamellae, became 



















Non-Schmid behavior with respect to the applied stress in lamellar -TiAl structures has 
been reported earlier. Zupan and Hemker [123] observed it in a Ti-55.5 at.%Al intermetallic 
and Woodward and Rao [269] predicted its occurrence by ab-initio simulations as a 
consequence of the presence of small but significant edge atomic displacements near the core 
Table 4.8. Fraction of traces corresponding to each group in PMFC grains and lamellae 
 
 PMFC - Grains PMFC - Lamellae 
Group 1 15 % 8 % 
Group 2 36 % 44 % 
Group 3 49 % 48 % 
 
 
Fig. 4.51 Frequency of Group 2 slip traces with increasing strain in the PMFC samples tested at 
700 °C under creep conditions (cr(PMFC)=300 MPa). Traces belonging to grains and lamellae in 
the PMFC sample.  




of ordinary dislocations, which could interact with stresses other than the resolved stresses on 
the glide plane. Additionally, non-Schmid behavior in lamellae could be caused by high local 
stress concentrations at the interfaces leading to preferential slip transfer to conjugate 
systems (which may not have the highest Schmid factor) in true twin-related lamellae [265].  
The origin of the relatively high non-Schmid slip activity with respect to the applied 
stress observed in the present study in the equiaxed -grains of the PMFC duplex 
microstructure is, however, still not known. This behavior could be partly related to the 
accommodation of the high local stress concentrations at triple points resulting from the 
operation of grain boundary sliding [270]. The accommodation mechanisms proposed in the 
literature are either based on diffusion transport [271, 272] or on the movement of 
dislocations along grain boundaries or through the interior of the grains [273, 274]. The 
predominance of one or the other is still controversial. Some studies based on the analysis of 
marker lines and on the observation of the grain geometry in (sub)surface regions have 
concluded that diffusion accommodation prevails [275, 276]. Other works, in which texture 
analysis was utilized as the main tool to investigate deformation mechanisms, report that 
dislocation slip acts primarily as an accommodation mechanism for grain boundary sliding in 
Mg and Al alloys [277, 278]. Analysis of slip traces during in situ testing could prove to be an 
excellent technique to contribute to this discussion since GBS accommodation by intragranular 
slip should give rise to non-Schmid slip behavior with respect to the applied stress, as 
dislocations would be activated in response to the high local stress concentrations at triple 
points. As revealed by Figures 4.46 and 4.47, boundary sliding takes place profusely in the 
PMFC microstructure deformed under creep conditions and the incidence of this mechanism is 
particularly high along the boundaries of the equiaxed gamma grains. The present results, 
thus, are consistent with the operation of intragranular slip as an accommodation mechanism 





























































In the present research work the high temperature deformation and fracture 
mechanisms of a Ti-45Al-2Nb-2Mn+0.8vol.%TiB2 (Ti4522XD) intermetallic alloy have been 
analyzed for different representative microstructures with the aim of facilitating 
microstructural design for specific applications. The high temperature mechanical behavior has 
been successfully studied using the pioneer experimental technique of in situ mechanical 
testing inside a scanning electron microscope (SEM) aided by electron backscattered 
diffraction (EBSD) at temperatures as high as 700 °C. A careful analysis of the microstructure, 
the crack nucleation and propagation paths, the microtexture, the grain boundary 
misorientation distribution and the slip traces with straining under constant stress and 
constant strain rate conditions at high temperatures has led to the following conclusions:  
 
 Crack nucleation take place mostly at colony and grain boundary triple points, under all 
the high temperature testing conditions investigated, in both, lamellar and duplex 
microstructures. Intercolony/intergranular cracking is observed to be the dominant 
failure micromechanism during creep at stresses ranging from 250 to 400 MPa 
(0.48σmax-0.86σmax). In tensile tests at constant strain rates of 10
-3 s-1 and tensile-creep 
tests at stresses higher than 400 MPa (0.86σmax) this phenomenon is delayed (i.e., it is 
evident at higher strains) but still present.  
 
 Colony/grain boundary sliding is active during the secondary creep stage of the 
mentioned microstructures, leading to stress concentrations and subsequent crack 
nucleation at triple points and the occurrence of colony/grain boundary cracking. In 
particular, this mechanism is observed to operate at stresses as high as 400 MPa in 
lamellar microstructures with a relatively large colony size (CS: 125-194 m). At stresses 
higher than 400 MPa colony boundary sliding is only observed during the tertiary stage. 
The incidence of sliding along the boundaries of equiaxed  grains in duplex 
microstructures appears to be particularly high. This is consistent with the relatively 
small size of these grains (GS: 98 m). 




 The presence of interlamellar secondary cracks is also detected during high temperature 
deformation of lamellar microstructures, but the importance of this mechanism is lower 
comparing to colony boundary cracking. Translamellar secondary cracks are rarely 
observed. Translamellar crack path segments are observed only along the primary crack. 
It is suggested that they connected intercolonial crack segments upon catastrophic 
failure. Cracking of B-rich phase reinforcements is also observed at high temperatures. 
Interlamellar and translamellar cracking is observed during room temperature tensile 
tests in combination with brittle fracture.  
 
 Interlamellar ledges are observed to appear during the early stages of the tensile test 
and the tensile-creep tests performed at the highest stresses (425 MPa and 450 MPa, 
0.92σmax and 0.98max, respectively), revealing that these areas become weaker with 
increasing stress. The elevated-temperature tensile experiments show that the 
minimum stress necessary for the formation of interlamellar ledges is around 370-390 
MPa for this material.  
 
 True twin  interfaces appear to be weaker obstacles to dislocation movement at high 
temperatures than other types of lamellar boundaries. This points toward the fact that 
the critical length scale of these materials might be influenced by the distance between 
non-true twin boundaries and, thus, be larger than the average lamella width.  
 
 A methodology to estimate the relative activity of ordinary and superdislocations and 
the CRSS values of both slip modes in slip events obeying the Schmid law with respect to 
the applied stress is proposed.  
 
 A high amount (a minimum of 30-40%) of slip traces corresponding to slip events that do 
not comply with the Schmid law with respect to the applied stress and which, therefore, 
are activated by local stresses, are detected in both lamellar and duplex microstructures.  
 
 In duplex microstructures, the activity of slip systems that do not comply with the 
Schmid law with respect to the applied stress is equally frequent in lamellae and in 
equiaxed gamma grains. Its presence in the former is consistent with previous findings. 
In the latter, it may be associated to intragranular slip accommodation of local stresses 





























6 Future work 






6. Future work 
 
The following areas of future work are envisioned: 
 
 In order to improve the creep behavior of lamellar and duplex microstructures over a 
wide stress range, strengthening of both grain/colony boundaries (low stresses) and 
lamellae interfaces (high stresses) must be achieved by alloying and processing design. 
 
 The origin of the interlamellar ledges observed during creep deformation of lamellar 
structures at very high stresses must be further understood.  
 
 Isolating the effect of the different microstructural parameters as lamellae spacing, the 
colony size, the relative orientation of lamellae with respect to the loading axis and the 
lamellae boundary interfaces on the deformation and fracture mechanisms is timely. 
This could be achieved, for example, by using nanomechanical testing techniques such 
as the fabrication of micropillars with controlled microstructures. 
 
 Processing of -TiAl alloys by near net shape techniques, such as additive manufacturing 
processes, should be attempted in order to avoid material losses and post processing 
machining.  
 
 Further improvements of the in situ mechanical testing technique, such as an automatic 
registration of temperature-load-displacement values would certainly help to speed up 
data acquisition and processing. 
 
 The combination of in situ SEM testing with EBSD with advanced microscopy and 
imaging techniques such as focused ion beam capabilities (FIB) and digital image 
correlation (DIC) would allow a more comprehensive analysis of the deformation 
mechanisms by facilitating 3D examination of selected regions and strain mapping 
analysis, respectively. 
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Fig. 4.22 BSE SEM micrographs showing the microstructure of the FAHP1 consolidated sample: (a, 
b) duplex microstructure in the center of the sample; (c) evidence of incomplete sintering at the 
edges of the sample; (d) Al3Ti phase in boundary area between the powder particles (edge 
regions). 
 
Fig. 4.23 BSE SEM micrographs showing the duplex microstructure of the FAHP2 consolidated 
sample. (a) Evidence of former powder particles; (b) a combination of lamellar colonies and 
equiaxed grains. 
 
Fig. 4.24 BSE SEM micrographs showing the FAHP3 (a, b) nearly lamellar microstructure and (c) 
heterogeneous microstructure. 
 
Fig. 4.25 BSE SEM micrographs showing the microstructure of the (a, b) FAHP4 nearly lamellar 
microstructure; (c, d) FAHP5 fully lamellar microstructure. 
 
Fig. 4.26 Sequence of SE SEM micrographs acquired in the same sample area during RT tensile 
test at (a) = 0MPa, (b)  =260 MPa, Δl=0.4 mm and (c)  =450 MPa, Δl=0.6mm showing no 
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microstructural changes. (d) Stress-displacement curve of the CC-LPT material tested at RT under 
constant strain rate   =10-3s-1. 
 
Fig. 4.27 (a, b) BSE SEM micrograph of the RT tensile deformed microstructure illustrating 
translamellar (black arrow) and interlamellar cracking (white arrows) below the fracture surface;  
(b) SE SEM micrographs of the fracture surface of a sample tested at RT illustrating brittle 
features including cleavage. 
 
Fig. 4.28 SE SEM micrographs obtained during in situ tensile testing at 700 °C. The tensile stress 
was (a) =0 MPa, (b) =413MPa, ~0.2% and (c) =481MPa, ~0.3%. The onset of interlamellar 
cracking is evident in (c).  
 
Fig. 4.29 SE SEM micrographs obtained during in situ tensile testing at 700 °C at = 396 MPa and 
~0.2%. (a)  Onset of interlamellar cracking in the center of the sample; (b) multiple fracture of 
boride-rich phase; (c, d) Cracks perpendicular to the vertical loading axis emanating from the 
edge. (d) Higher magnification image of the area in (c) showing that the cracks propagated 
through the lamella and colonies. Note that the vertical lines in the (c) and (d) were polishing 
artifacts present before loading. 
 
Fig 4.30 SE SEM micrograph of the fracture surface after tensile testing at 700 °C. Both ductile 
(dimples) and brittle (cleavage) features can be observed. 
 





 with indications where micrographs (b-e) were taken. Sequence of SE SEM 
photomicrographs obtained with increasing time: (b) = 374 MPa, ~0.8%; (c)= 459 MPa, 
~1.2%; (d) = 433 MPa, ~1.4 %;  (e) = 408 MPa, ~1.6 %. White arrows point toward 
interlamellar relief, black arrows highlight reinforcement cracks and dashed arrows show the 
initiation of intercolony cracks. 
 
Fig. 4.32  CC-LPT position versus time creep curve at 250 MPa and 700 °C 
 
Fig. 4.33 Sequence of low magnification SE SEM micrographs obtained during the creep 
experiment. (a) 0 hours; (b) secondary creep stage, 18.8 hours,~2.3%;  (c) tertiary creep stage, 
23.8 hours,~2.6%;  (d) tertiary creep stage just prior to fracture, 25.9 hours, ~3.0%; (e) after 
fracture.   
 
Fig. 4.34  SE SEM micrographs illustrating the nucleation and growth of the primary crack which 
led to fracture in the creep test. (a) secondary creep stage, 7.63 hours,~2.2%;  (b) secondary 
creep stage, 22.1 hours,~2.1%;  (c) secondary creep stage, 22.4 hours ~2.4%; (d) tertiary creep 
stage 22.8 hours~2.5%; (e) tertiary creep stage, 23.1 hours ~2.6%; (f) 23.4 hours ~2.6%; (g) 
tertiary creep stage just prior to fracture, 25.9 hours, ~3.0%. Note that the crack initiated and 
grew along colony boundaries.   
 
Fig. 4.35 SE SEM micrographs illustrating the nucleation and growth of a secondary edge crack 
during creep. (a) secondary creep stage, 5.9 hours, ~2.2%; (b) secondary creep stage, 6.6 
hours,~2.4%; (c) secondary creep stage, 22.4 hours~2.4%; (d) tertiary creep stage, 22.7 
hours~2.5%;. Note that the crack tended to propagate along a colony boundary.   
 
Fig. 4.36 SE SEM micrograph of the fracture surface after the creep test. Ductile dimples are 
dominant although brittle cleavage features are also present. 
 
Fig. 4.37 Sequence of low-magnification SE SEM photomicrographs from a tensile-creep test 
performed at 300 MPa: (a) Secondary creep stage, 46 hours,~0.5%;  (b) tertiary creep stage, 72 
hours,~1.2%;  (c) tertiary creep stage, 75 hours,~1.4%;  (d) tertiary creep stage just prior to 
fracture, 76 hours,~1.5%;  (e) after fracture, 76 hours,~1.6 %.  (f) Corresponding stress - strain 




Fig. 4.38 SE SEM photomicrographs obtained during a creep experiment at 300 MPa (a) 
Secondary stage, 50h and ~0.5 % (b) Tertiary stage, 76h and ~1.5 %. (White arrow points B-rich 
phase cracking and black arrows point colony boundary cracks).  
 
Fig. 4.39 SE SEM photomicrographs showing the evolution of B-rich phase cracks with increasing 
time for a tensile-creep test performed at 400 MPa: (a) initial microstructure; (b) secondary 
stage, 1 h and ~0.2 %, (c) tertiary stage, 4 h and ~0.6 %.  
 
Fig.  4.40 SE SEM photomicrographs corresponding to a test at 425 MPa illustrating interlamellar 
ledges: (a) secondary creep stage, 0.2 hours,~0.3%; (b) tertiary creep stage, 2 hours,~1.0 %. A 
colony boundary crack was evident near the middle of the image in (b). (c) Corresponding total 
strain versus time curve indicating the strains at which the (a) and (b) SEM images were taken. 
 
Fig. 4.41  (a) SE SEM photomicrograph corresponding to a test at 450 MPa illustrating 
interlamellar ledges during the secondary creep stage (0.33 hours, ~0.1%). (b) (c) Corresponding 
total strain versus time curve indicating the strains at which the (a) SEM image was taken. 
 
Fig. 4.42 Nature of the crack propagation paths in specimens deformed under tensile-creep at 
constant stresses of 300 MPa and 450 MPa: (a) Secondary cracks. (b) Primary crack. 
 
Fig. 4.43 EBSD inverse pole figure maps in the ND and BSE SEM micrographs corresponding to 
selected areas of the CC microstructure: (a) before and (b, c) after the tensile test at 580 °C, UTS= 
458 MPa, max= 1.3 %; (d) before and (e, f) after the tensile test at 700 °C,UTS= 500 MPa, max= 
1.6 %. (g,h) Comparison of the misorientation distribution histograms in those same areas before 
and after the tensile tests at 580 °C (g) and at 700 °C (h). 
 
Fig. 4.44 EBSD inverse pole figure maps in the ND and BSE SEM micrographs corresponding to 
selected areas of the CCFC microstructure: (a) before and (b, c) after the tensile test at 580 °C, 
UTS= 437 MPa, max= 1.8 %, including the corresponding inverse pole figures showing the 
orientation of the tensile axis; (d) before and (e, f) after the tensile test at 700 °C,UTS= 498 MPa, 
max= 1.9 %. (g,h) Comparison of the misorientation distribution histograms in those same areas 
before and after the tensile tests at 580 °C (g) and at 700 °C (h). 
 
Fig. 4.45 Creep curves corresponding to the CCFC and the PMFC microstructures deformed in 
tension at 700 °C and at a constant stress of 65%max 
 
Fig. 4.46 Sequence of SEM micrographs showing the evolution of the PMFC microstructure during 
creep straining at 700 °C. (a) 0 h; (b) secondary creep stage, 0.3 h, ~0.1 %; (c) secondary creep 
stage, 1.0 h, ~1.0 %; (d) secondary creep stage, 7.0 h, ~5.0 %; (e) tertiary creep stage, 8.3 h, 
~6.2 %; (f) after fracture, 9.7 h, max~9.4  %; (g) Corresponding total strain versus time curve 
indicating the strains at which the (b)-(f) SEM images were taken. 
 
Fig. 4.47 Sequence of SEM micrographs showing the evolution of the surface of the PMFC sample 
during creep straining at 700°C. (a) secondary creep stage,  0.8 h,~0.7 %; (b) secondary creep 
stage, 1.3 h,~1.1 %;  (c) secondary creep stage, 2.7 h,~2.0 %; (d) secondary creep stage, 5.8  h, 
~4.2 %; (e) secondary creep stage, 7.3 h, ~4.6 %; (f) tertiary creep stage, 8.6 h, ~6.8 %; (g) 
Corresponding total strain versus time curve indicating the strains at which the (a)-(f) SEM images 
were taken. 
 
Fig. 4.48 Sequence of SEM micrographs showing the evolution of the surface of the CCFC sample 
during creep straining at 700 °C. (a) 0 h; (b) secondary creep stage, 0.5 h,~0.3 %; (c) secondary 
creep stage, 7.0 h,~1.8 %; (d, e) after fracture, 18.1 h, max~ 7.0 %; (e) higher magnification SE 
SEM micrograph from the area pointed with the arrow in (d); (f) Corresponding total strain versus 
time curve indicating the strains at which the(b)-(e) SEM images were taken. 
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Fig. 4.49 Schematic drawing showing the variation of CRSSs with respect to R for a given trace ti. 
The shaded areas correspond to (CRSSs,R) pairs for which ordinary (OD) and superdislocations 
(SD) are active. Rci is a critical R value which marks the transition from ordinary to 
superdislocation slip. 
 
Fig. 4.50 Relative activity of OD and SD for different R values in the gamma grains of the duplex 
microstructure (PMFC) during creep at 700 C and 300 MPa. 
 
Fig. 4.51 Frequency of Group 2 slip traces with increasing strain in the PMFC samples creep 
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